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Abstract 
The purpose of this work is to develop a new generation of NiAl in-situ composites 
reinforced by refractory metallic fibers or lamellae through eutectic reaction. Such 
NiAl composites will be used for structural applications at high temperatures, e.g. as 
turbine blade material for modern gas turbine machines with operating temperatures 
around 1100°C. Mo fiber reinforced NiAl in-situ composites with a nominal 
composition NiAl-9Mo and NiAl-28Cr-6Mo (at.%) were produced by directional 
solidification using a laboratory-scale Bridgman furnace equipped with a liquid metal 
cooling (LMC) device. The microstructure of as-produced composites was 
characterized by electron microscopy (SEM, TEM, HRTEM) and microanalysis (EDX, 
SAED, STEM-HAADF). The strength and plasticity at elevated temperatures 
( 700 °C -1100 °C) were examined by dynamic tensile tests and tensile creep test. The 
fracture toughness at room temperature (RT) was measured by four-point bending 
tests. The oxidation behavior of three NiAl-based eutectics NiAl-9Mo, NiAl-34Cr and 
NiAl-28Cr-6Mo were examined by cyclic tests at 1000°C and compared with the 
performance of IP75 (Ni-45Al-2.5Ta-7.5Cr) and superalloy CMSX-4. 
The reinforcement alignment in NiAl in-situ composites was controlled by the ratio 
G/R of temperature gradient G and growth rate R during directional solidification. For 
a constant G, the Mo fibers in NiAl-9Mo tended to align parallel to the growth 
direction as R decreased to 0.33 mm/min, whereas the Cr(Mo) lamellae in NiAl-28Cr-
6Mo became straight and parallel to the growth direction when R decreased to 0.1 
mm/min. Furthermore, the growth rate R also determined the fiber/lamella size α and 
interspacing λ, i.e. the squares of α and λ increased inversely proportional with 
decreasing R. The volume fraction Vf did not vary with growth rate but remained 
constant at 14.1% for NiAl-9Mo and 42.3% for NiAl-28Cr-6Mo, respectively. A semi-
coherent interface was rationalized for the NiAl/Mo and NiAl/Cr(Mo) interfaces in 
DS NiAl in-situ composites. The interfaces formed by a eutectic reaction at HT were 
rough on an atomic scale and without reaction products along the boundary. Together 
with the radial compressive thermal residual stress (TRS) on the interface, such 
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interface has relatively high interfacial shear strength and therefore, plays a beneficial 
role for the load transfer. 
The tensile strength at elevated temperatures was dominated by the Mo fiber 
alignment: the yield strength of the NiAl-9Mo composites increased from 273 MPa at 
700 °C and 68 MPa at 1100 °C with a random Mo fiber arrangement to 811 MPa at 
700 °C and 344 MPa at 1100 °C with aligned Mo fibers.  
A steady creep rate of 10-6s-1 at 1100 °C under an initial applied tensile stress of 
150MPa was measured in the current study. Compared to binary NiAl and previously 
investigated NiAl-Mo eutectics with irregularly oriented Mo fibers, this value 
suggested a remarkably improved creep resistance in NiAl-Mo with well aligned 
unidirectional Mo fibers. Under the investigated testing conditions, NiAl-9Mo in-situ 
composites showed a stress exponent of 3.5<n<5 and an activation energy of 
Qc=291±19 kJ/mol which are close to the corresponding values (n≈5 and Qc = 300 
kJ/mol) of binary NiAl crept at similar temperatures but under considerably lower 
stress (only 6 to 8 MPa). The creep rate of NiAl-9Mo composites was mainly 
controlled by dislocation creep of the NiAl matrix. The experimentally observed creep 
behavior was successfully modelled by a shear lag approach.   
The measured fracture toughness KIC of NiAl-9Mo increased monotonically with 
decreasing growth rate R, suggesting the fiber orientation to have a dominant 
influence on the fracture mode and toughening mechanisms. Calculations showed that 
crack trapping was the major toughening mechanism in DS NiAl-9Mo composites, 
whereas the contribution from crack bridging was moderate and crack deflection 
offered little toughening improvement in the composite. 
Cyclic oxidation tests at 1000 °C showed that NiAl-9Mo and NiAl-28Cr-6Mo 
demonstrated very fast oxidation kinetics; whereas NiAl-34Cr showed a significantly 
improved oxidation resistance, which is comparable to those of IP75 and CMSX-4. 
This was attributed to the formation of a continuous and compact Al2O3 scale which 
adhered to the underlying NiAl alloy substrate during the cyclic test.  
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Zusammenfassung 
Ziel dieser Arbeit ist eine neue Generation von NiAl in-situ Verbundwerkstoffen zu 
entwickeln, die durch refraktär-metallische Fasern/Lamellen verstärkt werden sollen. 
Diese NiAl in-situ Verbundwerkstoffe sind zur strukturellen Anwendung bei hohen 
Temperaturen, z.B. als Gasturbinenschaufelmaterial in modernen Gasturbinen gedacht, 
in denen eine Schaufelbetriebstemperatur bei 1100°C  gefordert wird. Mo-Faser 
verstärkte NiAl in-situ Verbundwerkstoffe mit einer nominellen Zusammensetzung 
NiAl-9Mo und NiAl-28Cr-6Mo (at.%) wurden durch gerichtete Erstarrung unter 
Verwendung eines Labor Bridgman-Ofens mit Flüssigmetall-Kühlung hergestellt. Die 
Mikrostruktur der Verbundwerkstoffe wurde durch Elektronenmikroskopie (SEM, 
TEM, HRTEM) und Mikroanalyse (EDX, SAED, STEM-HAADF) charakterisiert. 
Die Festigkeit und Formbarkeit bei erhöhten Temperaturen (700 °C -1100 °C) wurden 
durch Zugversuche und Kriechversuche untersucht. Die Bruchzähigkeit bei 
Raumtemperatur (RT) wurde im Vierpunkt-Biegetest gemessen. Das 
Oxidationsverhalten von NiAl Verbundwerkstoffen NiAl-9Mo, NiAl-34Cr und NiAl-
28Cr-6Mo wurde durch zyklische Oxidation bei 1000 °C im Vergleich mit der NiAl 
Legierung IP75 (Ni-45Al-2.5Ta-7.5Cr) und der Superlegierung CMSX-4 untersucht.  
Die Ausrichtung der Verstärkung in NiAl in-situ Verbundwerkstoffen wurde durch das 
Verhältnis G/R des Temperaturgradienten G und der Wachstumsrate R während der 
gerichteten Erstarrung gesteuert. Bei konstantem G richteten die Mo Fasern in NiAl - 
9Mo sich parallel zur Wachstumsrichtung aus, wenn R auf 0,33 mm / min sank. Die 
Cr-(Mo) Lamellen in NiAl-28Cr-6Mo wurden gerade und parallel zur 
Wachstumsrichtung ausgerichtet, wenn R auf 0,1 mm / min abnahm. Außer der 
Wachstumsrate R sind auch die Faser / Lamellengröße α und der Faserabstand λ von 
Bedeutung. Bei unterschiedlichen Wachstumsraten blieb der Volumenanteil Vf 
konstant bei 14,1% für NiAl - 9Mo und 42,3% für NiAl - 28Cr - 6Mo. Eine semi-
kohärente NiAl / Mo und NiAl / Mo(Cr) Phasengrenze wurde in den NiAl in-situ 
Verbundwerkstoffen gefunden. Die durch eine eutektische Reaktion gebildete 
Phasengrenze war auf atomarer Skala stets uneben und enthielt keine 
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Reaktionsprodukte. Zusammen mit der radialen thermischen Druckeigenspannung 
(TRS) an der Phasengrenze besitzt die semi-kohärente Phasengrenze eine relativ hohe 
Grenzflächenscherfestigkeit und spielt damit eine positive Rolle bei der 
Kraftübertragung. 
Die Zugfestigkeit bei erhöhten Temperaturen wurde durch die Ausrichtung der Mo-
Fasern bestimmt. Die Streckgrenze der NiAl-9Mo Verbundwerkstoffe stieg von 273 
MPa bei 700 °C und 68 MPa bei 1100 °C mit einer regellosen Faseranordnung auf 
811 MPa bei 700 °C und 344 MPa bei 1100 °C mit ausgerichteten Fasern. In der 
Studie wurde eine Kriechrate von 10-6s-1 bei 1100 °C unter 150 MPa gemessen. Im 
Vergleich mit binärem NiAl und bisher untersuchten NiAl-Mo Verbundwerkstoffen 
mit nicht ausgerichteten Mo-Fasern besaß NiAl-9Mo mit einheitlich ausgerichteten 
Mo-Fasern eine deutlich verbesserte Kriechbeständigkeit. Unter den verwendeten 
Prüfbedingungen zeigten NiAl-9Mo in-situ Verbundwerkstoffe einen 
Spannungsexponenten von 3,5<n<5 und eine Aktivierungsenergie von Qc = 291± 19 
kJ / mol, was nahe bei den entsprechenden Werten (n≈5 und Qc = 300 kJ / mol) von 
binärem NiAl liegt, das bei ähnlichen Temperaturen vergleichbar nur unter deutlich 
geringerer Belastung (nur 6-8 MPa) kroch. Die Kriechrate von NiAl-9Mo 
Verbundwerkstoffen wurde vor allem durch Versetzungskriechen der NiAl-Matrix 
gesteuert. Das experimentell beobachtete Kriechverhalten wurde erfolgreich mit der 
Shear Lag Theorie modelliert. Die gemessene Bruchzähigkeit KIC von NiAl-9Mo 
erhöhte sich monoton mit abnehmender Wachstumsrate R. Dies zeigt, dass die 
Faserorientierung einen dominanten Einfluss auf den Bruchmodus und die 
Zähigkeitsmechanismen hat. Die Berechnungen zeigten, dass ‚Crack-Trapping‘ der 
Hauptgrund für die erhöhte Bruchzähigkeit der NiAl-9Mo Verbundwerkstoffe war.  
Zyklische Oxidationstests bei 1000°C zeigten, dass NiAl-9Mo und NiAl-28Cr-6Mo 
eine sehr schnelle Oxidationskinetik besaßen. Im Vergleich dazu zeigte NiAl-34Cr 
eine erheblich verbesserte Oxidationsbeständigkeit, vergleichbar mit  IP75 und 
CMSX-4. Das kann auf die Bildung einer kontinuierlichen und kompakten Al2O3-
Schicht, die sich beim zyklischen Test auf dem darunter liegendes Metallsubstrat 
bildet, zurückgeführt werden. 
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Chapter 1 
Introduction 
Ni-base superalloys have been used as high temperature (HT) structural materials in 
gas turbine engines for more than half a century. Although a remarkable improvement 
of performance has been achieved through alloy modifications and single crystal 
growth, further improvements of the high temperature properties of Ni-base 
superalloys have come to a limit since the operating temperatures (~1230ºC = 0.85Tm 
of Ni-base alloys) in modern gas turbine engines are approaching the melting point Tm 
of these alloys. However, even higher operating temperatures are still desired to 
enhance the efficiency of power plants. 
With an attractive combination of a high melting point (Tm = 1638 ºC) and low 
density (ρ~6g/cm3) compared to those of Ni-base superalloys (Tm = 1280-1350°C， 
ρ=8~8.5g/cm3) as well as excellent oxidation resistance at temperatures above 
1000°C [Noebe 1993], NiAl has been considered as a potential candidate for 
structural applications at HT to replace Ni-base superalloys. However, its low 
ductility at ambient temperature and intrinsic poor creep resistance at HT have 
prevented its structural application as load bearing components such as turbine blades. 
Incorporating continuous reinforcements like single crystalline aluminum oxide fibers 
[Hu1996, Bowman 1995, Song 2011] or refractory metallic phases such Mo, Cr, V, Hf 
and W in NiAl to form a composite has been proven an effective way of both 
toughening and strengthening the material. In-situ NiAl composites with reinforcing 
metallic phase like Cr and Mo through eutectic reaction has drawn researchers’ 
attention since the early 1970s, [Walter1970, Johnson1995, Yang 1997]. Some 
progress has been achieved in improving the material’s strength at elevated 
temperatures and its fracture toughness at room-temperature (RT). For example, Yang 
et al. [Yang 1997] reported a tensile strength above 300 MPa at 1000 ºC in NiAl-Cr 
and NiAl-Cr(Mo) eutectic composites. Johnson et al. [Johnson1995] obtained also a 
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fracture toughness of 20-22 MPa·m0.5 in NiAl-Cr and NiAl-Cr(Mo) eutectics. The 
mechanical properties of the eutectic in-situ composite NiAl-9(at.%) Mo have been 
extensively investigated by many researchers since the early 1990s [Heredia 1993, 
Joslin 1995, Misra 1998, Bei 2005, Dudová 2011]. Misra et al. and Joslin et al. have 
demonstrated the remarkable improvement of mechanical properties of NiAl-9Mo 
alloys produced by directional solidification. Misra et al. [Misra 1998]  measured a 
moderate room-temperature fracture toughness of ~15 MPa·m0.5 for directionally 
solidified (DS) NiAl-9Mo, Joslin et al. [Joslin 1995] reported a steady state creep rate 
of 10-6s-1 at 1300K under a stress of 80MPa compared to binary NiAl having the same 
creep rate at the same temperature only at a stress of 20MPa. Their directional 
solidification was accomplished by a Bridgeman furnace with a low temperature 
gradient (~3 ºC /mm), and the microstructure was mainly comprised of cellular 
structures with irregularly aligned Mo fibers. Recently, with the development of 
directional solidification technology, a much steeper temperature gradient (>10°C/mm) 
can be realized during the directional solidification processing. This maintains a 
planar solidification front during DS processing and thus, generates a well aligned 
fibrous eutectic microstructure of NiAl-9Mo with the Mo fibers aligned parallel to the 
growth direction. Although such NiAl composites possess anisotropic mechanical 
properties, they exhibit extraordinary strength along the fiber direction. Accordingly, 
Bei et al. [Bei 2005] measured a remarkably enhanced HT tensile strength along the 
growth direction in DS NiAl-9Mo. Dudová et al. [Dudová 2011] also reported an 
extremely high compressive creep resistance of this material with a steady creep rate 
of 3×10-6s-1 at 900 °C at a compressive stress of 200 MPa. This excellent HT strength 
makes DS NiAl-9Mo a promising candidate material for structural applications like 
turbine blades for the next generation of gas turbine engines. In the current study, a 
laboratory-scale Bridgman furnace with liquid metal cooling was used to produce 
NiAl-Mo composites with unidirectionally aligned Mo-fibers via eutectic 
solidification. This process is considered capable of fabricating full size parts with 
complex shapes, e.g., turbine blades, of Mo reinforced NiAl. Despite of this recent 
significant progress, the reported investigations into the mechanical behavior of NiAl-
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9Mo with unidirectional, well aligned fibers, especially the intrinsic fracture 
toughness at RT and tensile creep behavior at HT (>1000°C), are still rare although 
such data are of vital importance not only for engineering design purposes but also in 
an academic sense for understanding the mechanisms and physics of the mechanical 
behavior to allow quantitative predictions of in-service material performance in these 
NiAl-9Mo composites.  
However, for structural applications at HT, not only adequate mechanical properties 
but also the oxidation resistance of the material has to be taken into consideration and 
thus, systematically investigated. It has been reported that the addition of Mo 
degraded the oxidation resistance of binary NiAl [Barrett 1992] due to the thermal 
instability of Mo oxide formed at HT. The influence of Cr-addition on oxidation 
resistance of NiAl is somewhat more complicated depending on temperature. Leyens 
et al. found that Cr improved the hot corrosion and oxidation resistance of NiAl-Cr 
alloy at 950°C [Leyens 2000]. Klumpes et al. attributed this beneficial effect to the 
fact that Cr stimulated the formation of a stable α-Al2O3 at 1000°C [Klumpes 1996], 
whereas, Lowell et al. suggested that Cr-addition decreased the overall oxidation 
resistance of NiAl-Cr alloy at temperatures above 1200°C [Lowell 1972]. Up to now, 
the cyclic oxidation behavior of NiAl binary eutectics, e.g. NiAl-9Mo and NiAl-
34Cr(Mo), is seldom reported although such data are extremely important for the 
potential HT application of NiAl-based eutectics.  
Thus, the purpose of the present investigation was to explore the microstructure 
evolution, mechanical properties i.e. HT tensile properties, creep resistance and RT 
fracture toughness of NiAl-9Mo and to analyze the corresponding toughening and 
strengthening mechanisms in this fiber reinforced composite, for an in-depth 
understanding of the mechanical behavior of the individual components and their 
contribution to the plasticity of the composite. Moreover, in the current study the 
oxidation behaviour of a number of NiAl-X (X=Mo, Cr and Cr(Mo)) eutectics i.e. 
NiAl-9Mo, NiAl-34Cr and NiAl-28Cr-6Mo (all in at.%) were systematically 
investigated by cyclic oxidation test at 1000°C, in which the oxidation kinetics, scale 
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formation and oxidation modes were measured and discussed. 
The structure of this dissertation is arranged in the following way: 
In Chapter 2, a general introduction to the fiber reinforced composite related topics is 
presented. Firstly the role of interface in fiber reinforced composites is addressed, 
with emphasis on its mechanical functions during load transfer from matrix to the 
reinforcement. Then the anisotropy of mechanical properties in unidirectional fiber 
reinforced composites was described in terms of orientation dependence of fracture 
strength for off-axis tests. Thereafter the intrinsic and extrinsic toughening 
mechanisms in brittle matrix composites are introduced along with their operative 
criterions. Furthermore, the creep models describing the mechanical behavior of 
respectively rigid and creeping reinforcement in a creeping matrix are given. Finally, 
fundamentals of the oxidation behavior are introduced. 
Chapter 3 is a brief guide into eutectic systems of NiAl-X (X=Mo, Cr and Cr(Mo)) 
and their individual components of β-NiAl, Mo and Cr, underlining their basic 
thermal-mechanical properties. Thereafter, the production processes of the NiAl-X 
eutectics are introduced according to the principles of directional solidification. 
Finally, the experimental methods are described in detail, such as 
microcharacterization, mechanical tests and cyclic oxidation tests. 
Chapter 4 characterizes the microstructures of DS NiAl-9Mo and NiAl-28Cr-6Mo 
composites. The influence of processing parameters, such as temperature gradient (G) 
and growth rate (R) of directional solidification, on the microstructure evolution such 
as of directionality and fineness of the fibrous/lamellar microstructure, is firstly 
addressed. The crystallographic relationship between NiAl matrix and Mo fibers/ 
Cr(Mo) lamella is subsequently identified. TEM and HRTEM observations focused 
on the microstructure / atomic structure of the interfaces, together with the dislocation 
structures evolved during cooling in as-produced composites. And the influence of 
thermal residual stresses (TRS) on the development of such a microstructure was 
evaluated by FEM calculations. Furthermore, the long-term microstructural stability 
of DS NiAl-9Mo and NiAl-28Cr-6Mo after the annealing at 1100 °C for 500 hours 
was characterized.  
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Chapter 5 focuses on the HT strength of NiAl-9Mo. It comprises two investigations. 
Firstly, the tensile properties (under constant strain rate) of the DS NiAl-9Mo 
composites are addressed in Section 5.1. The tensile tests of as-produced NiAl-Mo 
composites (as-cast, DS rods with R=0.67 mm/min and 0.33mm/min) were 
characterized at 700°C and 1100°C. The measured yield strength (σ0.2) and ultimate 
tensile strength (σUTS) as well as the plastic elongation at peak stress (εel) of the tested 
specimens are compared, revealing the influence of fiber orientation and alignment on 
the fracture modes and thus, the tensile properties of fiber reinforced composites. The 
second part (Section 5.2) of this chapter underlines the creep behavior (under constant 
load) of DS NiAl-9Mo with well-aligned fibers. The creep resistance, stress exponent 
(n) and activation energy (Qc) are systematically evaluated by tensile creep test with 
constant load at 900°C-1100°C, and compared to binary β-NiAl, NiAl-9Mo with 
irregularly aligned fibers and superalloys. The crept microstructure is investigated by 
SEM and TEM. A creep model for fiber reinforced metal matrix composites is 
adopted to relate the quasi-rigid nature of Mo fibers and creeping properties of the 
composite. The difference in strengthening NiAl with quasi-rigid reinforcements 
having strong interfaces like Mo fiber, and with fully rigid reinforcements having 
moderate interface strength like Saphikon fiber, is compared and discussed in detail. 
Chapter 6 addresses the RT brittleness issues of in-situ NiAl-Mo composites. Firstly, 
a validation of the currently employed testing technique (Single Edge V-Shaped 
Notch Beam, SEVNB) was performed, suggesting that the experimentally determined 
critical stress intensity (KIC,exp) is the intrinsic value of the theoretical critical stress 
intensity (KIC,th) of the material when the root radius ρ  of the SEVNB beams is 
smaller than a critical value ρc. Four-point bending tests suggest that the RT fracture 
toughness of DS NiAl-9Mo with well-aligned Mo fibers has been significantly 
enhanced, compared to binary β-NiAl and also NiAl-9Mo with irregularly aligned 
fibers. Several toughening mechanisms account for such a large improvement, which 
are thoroughly discussed in this chapter. 
Chapter 7 presents the oxidation behavior of three NiAl-based eutectics NiAl-9Mo, 
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NiAl-34Cr and NiAl-28Cr-6Mo, examined by cyclic tests at 1000°C and compared 
with IP75 (Ni-45Al-2.5Ta-7.5Cr) and superalloy CMSX-4. The influence of 
introducing Mo and Cr phase on the oxidation resistance of NiAl is discussed. The 
mechanisms for different oxidation kinetics in these NiAl alloys are proposed. The 
different oxidation behaviours of the investigated NiAl-eutectics is compared and 
divided into two groups with two distinct oxidation models. 
Finally, Chapter 8 summarizes the experimental findings and draws conclusions 
based on the data evaluation described in the previous chapters.  
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Chapter 2 
Interfaces and properties of fiber reinforced composites 
2.1 Interfaces 
A composite material is defined as a material that consists of at least two chemically 
and physically distinct phases, suitably distributed to provide properties not 
obtainable with either of the individual phases [Chawla 1998]. The interface in fiber 
reinforced composites is defined as the internal surface formed by the joint boundary 
of reinforcing fiber and matrix in contact which constitutes the bond in-between for 
transfer of loads [Metcalfe 1974]. In long fine fiber (cross section size ~ 1µm) 
reinforced composites such as the DS NiAl-refractory metal eutectics, the area of the 
fiber/matrix interface is enormous. The interface strongly influences the continuity 
and compatibility of thermal-mechanical properties of fibers and matrix across the 
interface It plays a dominant role for the mechanical properties as composite strength, 
toughness and ductility, which therefore, renders the interface in fiber reinforced 
composites highly attractive for the optimization of composites, which however, 
requires a physical understanding of interface structure and properties.  
2.1.1 Mechanical bonding and thermal residual stress  
Dependent on the as-produced condition of the composite after fabrication, various 
types of interface bonding exist between reinforcement and matrix. Generally, there 
are two important kinds of bonding at an interface in a metal matrix composite 
(MMC): 1) mechanical bonding; 2) chemical bonding [Chawla 2006]. For in-situ 
composites like eutectics, the reinforcing phase of which is generated during the 
solidification/eutectic reaction, since the constitution of such a eutectic composite is at 
thermodynamically equilibrium, a chemical reaction is often absent at these interfaces. 
Therefore chemical bonding can be generally excluded for interfaces in eutectic in-
situ composites, and hence, mechanical bonding is typically the dominant type of 
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interface bonding in in-situ MMCs like eutectics [Johnson 1993]. 
Mechanical bonding  
Mechanical bonding arises from the mechanical interlocking or from frictional effects 
between the reinforcement and matrix. The strength of this bond is normally weak in 
transverse tension, but the interfacial shear strength will significantly depend on the 
degree of roughness [Mackin 1992a, Mackin 1992b, Asthana 1997]. In a fiber 
reinforced metal matrix composite, with low Young’s modulus and high coefficient of 
thermal expansion (CTE) the matrix often shrinks more than the rigid, high Young’s 
modulus and low CTE reinforcement in radial direction, during cooling from high 
temperatures. This leads to a mechanical pressure on the fiber by the matrix. The 
radial contraction stress σr, can be related to the interfacial shear strength τi, by the 
following expression: 
                                                     τi=µσr                                                                                                     (2.1) 
where µ is the coefficient of friction, generally between 0.1 and 0.6 [Chawla 1998]. 
Thermal residual stress at the interface  
The stress state at the interface in the MMCs can be substantially modified after 
fabrication. As refractory metal reinforcements have generally a smaller CTE than 
intermetallic matrices like NiAl, thermal residual stresses (TRS) are generated in both 
components during cooling from fabrication temperature, which influences the fibers, 
the matrix as well as the interface properties and ultimately plays an important role in 
the mechanical performances of MMCs.  
A simple two-element model shown in Fig. 2.1 can be used for a thermo-elastic 
analysis of the TRS. In the unit fiber composite sketched in Fig 2.1, the principal 
stresses in the matrix can be expressed in cylindrical coordinates as [Chawla 1993]: 
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where α is the coefficient of linear expansion, v is the Poisson ratio (assuming vf= 
vm=v) where the subscripts m and f denote matrix and fiber respectively, E is the 
Young’s modulus, ∆T is the temperature interval, a is the radius of the cylinder, b is 
the radius of the matrix shell. 
                                   
Fig.2.1: Simple two-element model for thermo-elastic analysis, a and b are the radii 
of the fiber and matrix respectively [Chawla 1993].  
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The TRS stresses can be simulated by using ABAQUS, a commercial finite element 
code [ABAQUS]. Chen [Chen 2006] applied a 2D axisymmetric model (Fig. 2.2) to 
calculate the stress distribution in the interface region. With the assumptions of ideal 
isotropic elastic fiber, isotropic elastic-plastic matrix without strain hardening, perfect 
interface adhesion and stress free temperature Tsf of 850K for NiAl, several stress 
states were calculated for Mo-NiAl composites, as will be discussed in Chapter 4. 
 
Fig. 2.2: Geometry of the axisymmetric finite element model [Chen 2006]. 
2.1.2 Load transfer at the interface 
Composites with discontinuous unidirectional fiber reinforcement are generally 
designed for uniaxial loading. During loading, the matrix has the important function 
to transfer the applied load to the fiber. Microscopically, the axial displacements in the 
fiber and in the matrix are different due to the different elastic moduli of the 
components. However, when fiber and matrix are bonded together by a strong 
interface, they are forced to deform together and produce the macroscopic strain. This 
renders a strain inhomogeneity or gradient across the interface and gives rise to a 
shear stress at the interface which enables the applied load to be transferred from the 
matrix to the fiber. This is a phenomenon of great importance, when strengthening 
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mechanisms in a fiber reinforced composite are considered. 
Consider a fiber of length l embedded in a matrix which is subjected to a uniaxial 
strain εm at its remote ends as shown in Fig. 2.3a. It is assumed that the fiber and 
matrix are elastic and perfectly bonded and that the Poisson ratios of the two 
components are the same. If the differential displacement between fiber and matrix in 
the axial direction is directly proportional to the shear stress at the interface, the fiber 
axial stress σf and the shear stress τi at the interface along the fiber direction (z) are 
obtained [Kim 1993]:  
              
( )[ ]







 −
+= )/l(
zE/
E)z( mfemff 2cosh
cosh1
1 β
βεσ
εσ                                             (2.7) 
              
( )[ ]







 −
= )/l(
zE/)/a(E)z( mfemfi 2cosh
sinh1
2 β
βεσβετ                                        (2.8) 
where  
                
21
2ln
2
/
f
m
)a/b(aE
G








=β
                                                                          (2.9) 
σe is the fiber stress at its ends (z=±l/2), Ef and Em are the Young’s moduli of fiber and 
matrix, respectively. Gm is the shear modulus of the matrix, and a and b are the 
respective equivalent radii of fiber and matrix. 
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Fig. 2.3: a) schematic representation of deformation around a discontinuous fiber 
embedded in a matrix subjected to uniaxial loading; b) variation of fiber axial stress 
σf and interfacial shear stress τi [Kim 1993] 
The stress distributions of σf and τi along the fiber (z) are illustrated in Fig. 2.3b. The 
tensile stress is at maximum in the fiber center while shear stress maximizes at the 
fiber ends and falls to almost zero in the fiber center, when a perfect bonding is 
present. It can be seen that at both ends of the fiber within a distance lc/2 (Fig.2.3b) 
the load carrying capability of the fiber is significantly compromised. Therefore, in 
order to effectively carry the transferred load, the length l of the fiber must be larger 
than lc. This critical transfer length lc can be calculated as [Kelly 1965] 
                           
i
f
c
r
l
τ
σ
=                                                                              (2.10) 
where σf is the fiber tensile failure stress, r is the fiber radius and τi is the interface 
shear strength. The criterion l>lc for effective load transfer can be understood as 
follows. The aspect ratio of the reinforcing fibers (length/radius, l/r) should be larger 
than σf /τi or alternatively the interface shear strength τi should be larger than σf r /l. 
This means, a larger aspect ratio of the reinforcing fiber and a high interface shear 
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strength favour an effective load transfer, which engenders a pronounced uniaxial 
strength of the composite.  
2.2 Mechanical properties of fiber reinforced composites 
The mechanical properties of fiber reinforced composites are not a simple addition of 
the properties of the constituents. It is strongly influenced by the direction of loading, 
the properties of the interfaces, the properties of the reinforcement and matrix, and the 
degree of mismatch between reinforcement and matrix properties. Therefore, in order 
to predict the mechanical properties of composites, e.g. tensile strength, fracture 
toughness and creep resistance, sophisticated models must be introduced allowing the 
consideration of various influencing factors. 
2.2.1 Anisotropic tensile strength  
A composite reinforced by unidirectional fibers usually exhibits a large degree of 
anisotropy in its mechanical properties. These composites are normally very strong in 
the fiber longitudinal direction but weak in the direction perpendicular to the fibers. 
The rule-of-mixture is one widely accepted model for property predictions of 
unidirectional composites on the basis of constituent properties. If a composite 
contains continuous unidirectionally aligned fibers and is loaded in fiber direction, the 
strength of the composite is just a volume weighted average of the corresponding 
properties of both components under an isostrain condition [Eduljee 1993, Chawla 
1993]: 
                                 
( )fmffc VV −+= 1σσσ                 (2.11) 
where V is the volume fraction, σ is the tensile strength, and the subscripts c, f, m 
indicate composite, fiber and matrix, respectively. Equation (2.11) is referred to as the 
Rule of Mixture (ROM).  
However, when the loading axis deviates from the direction of fibers, i.e. is inclined 
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to the fiber direction by an angle θ, it should be noticed that there are three possible 
individual modes of failure (Fig 2.4 a) and corresponding criteria (Equations 2.12, 
2.13 and 2.14): 
Mode A: failure by fiber fracture (longitudinal fracture),  
                                 
θ
σ 2cos
X
App ≤                                                               (2.12) 
where X is the tensile fracture strength of the fiber, σApp is the applied uniaxial load. 
Mode B: failure by shear failure of matrix or interface (shear fracture), 
                                  
θ
σ
2
4
sin
Z
App ≤                                                               (2.13) 
where Z is the shear strength of matrix or interface; 
Mode C:  failure by tensile failure of matrix or interface (transverse fracture)             
                                    
θ
σ 2sin
Y
App ≤                                                            (2.14) 
where Y is the tensile fracture strength of matrix or interface. 
For a total failure of the composite to occur, the applied stress σApp increases until one 
of these three criteria is first reached. The corresponding fracture mode determines the 
tensile fracture strength of the composite at a certain off-axis angle θ. Therefore, the 
orientation dependence of the tensile fracture strength of a unidirectional fiber 
reinforced composite can be schematically described by the dashed curve in Fig. 2.4b. 
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Fig. 2.4: a) Schematic of different failure modes when loading direction deviates from 
fiber direction b) orientation dependence of fracture strength for off-axis tests on 
unidirectional fiber reinforced composites. 
2.2.2 Fracture toughness and toughening mechanisms   
Stress Intensity Factor 
The stress intensity factor also termed fracture toughness, KI characterizes the 
mechanical behavior and response of materials upon crack growth. In general, the 
critical stress intensity factor KIC with the dimension [MPam0.5] is a measure of the 
susceptibility to cracking or the brittleness of the material. Crack growth depends on a 
combination of loading and crack size, as introduced in equation 2.15 [Meyers 2009]: 
                                                   ICI KaYK ≤= σ                                          (2.15) 
where σ is the stress perpendicular to the crack plane (Mode Ι), a is the length of the 
most dangerous crack and Y is a geometry factor. If the critical value KIC of a material 
is exceed, then failure occurs. Generally, materials with a high KIC have a high 
resistance to crack propagation.  
There are three different loading modes, which distinguish different types of KIC, as 
shown in Figure 2.5. Mode I describes the loading condition when the tensile stress is 
normal to the crack plane (σy); Mode II describes the shear loading in crack direction 
(τxy) and Mode III deals with the “out of plane” shear loading (τyz) [Munz 1999]. 
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Fig. 2.5: Modes of fracture loading: Mode I (opening), Mode II (sliding) and Mode 
III (tearing). 
Intrinsic toughening mechanisms 
Intrinsic toughening mechanisms are significant for improving the materials fracture 
toughness by allowing additional plasticity in normally brittle materials like NiAl. As 
reported by Noebe et al. [Noebe 1986], an oxidation layer formed on the surface of a 
single crystal NiAl successfully softened the material by providing additional mobile 
dislocations. The Al2O3/NiAl interface acts as a dislocation source, and increases the 
<001> dislocation density which leads to an improved toughness of NiAl. 
In the vicinity of a crack tip, when the local stress level exceeds the yield stress of the 
material, the stress distribution in case of only elastic deformation at the crack tip 
(dashed line in Figure 2.6a) decreases to the yield stress σys of the material. The region 
where local yielding occurs is defined as plastic zone. According to Irwin’s first 
estimation of the circular plastic zone size ry, the distribution of σy ahead of the crack 
tip and the crack-tip-opening-displacement (CTOD) φ  are shown in Figure 2.6a 
[Irwin 1956]. 
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Fig. 2.6: a) A first approximation to the crack tip plastic zone and b) pilling-up of 
dislocations for plastic relaxation around a crack tip. 
In the range ry of local yielding, the dislocations around the crack tip will be driven 
into multiplication and rearrangement. This plastic relaxation can also be realized by 
piling-up of dislocations around the crack tip in such a way that the sum of their 
Burgers vectors (b) can compensate or partially compensate the width or CTOD of the 
crack (φ  =nb), as illustrated in Figure 2.6b. As a consequence, the crack tip gets 
blunted, and the stress intensity level at the crack front is decreased, which actually 
increases the crack resistance of the material. This toughening mechanism is known 
as intrinsic toughening. 
Extrinsic toughening mechanisms 
In fiber reinforced composites crack growth involves various interactions of the crack 
front with the presence of reinforcing fibers and the interface, which are designated as 
extrinsic toughening mechanisms. 
Generally, in a fiber reinforced composite, the propagating crack can either be 
deflected by the fibers or penetrate through them, dependent on the elastic modulus 
mismatch between the matrix and the reinforcement. This can be expressed by the 
Dundurs parameter α [Dundurs1969]: 
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where E  is the plane strain tensile modulus defined 21 )v/(EE −= , E is the Young’s 
modulus, and v is the Poisson’s ratio. The subscripts 1 and 2 refer to the materials on 
the uncracked and cracked sides on the interface respectively.  
A value of α close to zero indicates a very low modulus mismatch. A criterion for 
crack deflection along the reinforcement/matrix interface is given by [Misra 1998]: 
                                                  250.
G
G
I
i <                                               (2.17 a) 
where Gi is the interface fracture energy at the relevant combination of modes and GI 
is the mode I fracture energy.  
For a value of α close to 0.5, i.e. a very large modulus mismatch (3 times) between 
reinforcement and matrix, the condition for crack deflection along the interface 
expressed in equation 2.17a has to be modified according to [Misra 1998]:                                                    
                                                      50.
G
G
I
i <                                            (2.17 b) 
In general, when the mismatch of the elastic modulus of reinforcement and matrix is 
large, the propagating crack prefers to deflect along the interface between fiber and 
matrix rather than to penetrate through the fibers. Since crack deflection is usually 
associated with interface debonding where the crack propagates through the interface 
between matrix and reinforcement, the strength of the interface and the orientation of 
the reinforcement with respect to the crack plane also have a significant influence on 
the crack path. For instance, crack deflection arises when the reinforcing fibers are 
either only slightly inclined or parallel to the crack plane. With the assistance of the 
applied crack opening force (Mode I), the propagating crack can easily move through 
the interface between fiber and matrix (as indicated in Figure 2.7a), even when the 
elastic modulus mismatch is small and the interface is strong. On the other hand, 
when the fibers are oriented perpendicular to the crack plane (Figure 2.7b), crack 
deflection associated with interface debonding can only take place, if the mismatch of 
the elastic moduli is large and the interface is week.  
Crack deflection is an important toughening mechanism in fiber reinforced 
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composites, the occurrence of which depends on a combination of the magnitude of 
elastic modulus mismatch, interface strength and reinforcement orientation. It makes 
the propagating crack derivate away from a fatal straight penetration through the 
brittle matrix. The crack has to change its direction of propagation every time when it 
encounters a reinforcement/matrix interface and that leads to a much longer crack 
path. As a consequence, the material resistance against crack propagation is 
strengthened. 
 
Fig. 2.7: Schematic of crack deflection when a) the fibers are inclined or parallel 
oriented to the crack plane and b) the fibers are perpendicularly oriented to the crack 
plane.  
Crack bridging is often a dominant toughening mechanism in a brittle matrix 
composite reinforced by a ductile second phase. In fiber reinforced composites, when 
the crack plane is perpendicular to the fiber orientation, the propagating crack can 
circle around fibers, advance ahead of the first row of fibers and then get trapped by 
the next row of fibers (Figure 2.8a). In this case, if the fibers of the first row are still 
intact and showing some local plasticity e.g. necking (Figure 2.8a) then it can bridge 
the two neighbouring matrix cracks [Misra 1997]. As a result, the local stress intensity 
is diminished by the plastic deformation of the reinforcing fibers, which absorb some 
external work by local plasticity and as a consequence promote the material resistance 
against crack growth. This mechanism is often found to be associated with partial 
debonding of the interface (Figure 2.8a) at the necking position, therefore crack 
bridging normally arises when the interface is susceptible to debonding and obviously 
when the fibers have good plastic flow properties. 
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Fig. 2.8: Schematic of a) crack bridging with local plasticity of the reinforcing fiber b) 
crack trapping. [Misra 1998] 
The toughening mechanism of crack trapping is illustrated in Figure 2.8b. In a fiber 
reinforced composite, when the reinforcements have a much higher fracture toughness 
than the matrix, the matrix crack can be trapped by these high toughness fibers which 
are oriented essentially perpendicular to the crack plane (Figure 2.8b). The crack front 
must bow out between the fibers in order to advance. This perturbation of the crack 
front requires a much higher local stress intensity [Misra 1998] for crack growth. As a 
result, the crack resistance of the material is improved. This toughening mechanism 
arises from a high fracture toughness of the reinforcement and a large volume fraction 
of the reinforcement. Additionally, a strong interface between the fiber and matrix is 
an important prerequisite for crack trapping so that the crack can’t deflect along the 
interface instead of being trapped in front of the reinforcing fibers. 
2.2.3 Fundamental creep mechanisms  
Creep is the phenomenon that materials deform plastically under a constant load (or 
stress) at elevated temperatures [Gottstein 2004]. A typical constant load creep curve 
ε(t) comprises three stages (Fig. 2.9). The strain ε0 is called instantaneous strain and 
attained instantaneously after loading. Following ε0 three stages are distinguished. 
During stage Ι (primary or transient creep), the creep rate continuously decreases and 
ultimately reaches a constant value (Fig. 2.9), i.e. the strain increases linearly with 
time, which defines the state of stage ΙΙ (stationary or steady state creep). This is 
followed by stage ΙΙΙ (tertiary creep) in which the creep rate increases again until 
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creep fracture occurs [Gottstein 2004]. 
 
Fig. 2.9: (a) Typical constant load creep curve ε(t). (b) Schematic diagram of the 
creep rate as a function of time [Gottstein 2004]. 
The stationary creep rate (slope of stage ΙΙ) or minimum creep rate ε&  is a very 
important parameter and depends strongly on deformation conditions, i.e. on the 
applied stress, on deformation temperature and on the physical properties of material, 
in particular on the diffusion coefficient and the stacking fault energy. The minimum 
creep rateε& , the applied tensile stress σ and the deformation temperature T are related 
by the phenomenological Mukherjee-Bird-Dorn Equation [Mukherjee1964]:              
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where A is a temperature-dependent material constant, E is the elastic modulus, b is 
the Burgers vector, k is the Boltzmann constant, T is the absolute temperature in 
Kelvin, D0 is the preexponential factor, Qc is the creep activation energy, n is the 
stress exponent. 
Two fundamental creep mechanisms are responsible for creep [Meyers 2009]: a. 
Diffusion creep; b. Dislocation creep. 
Diffusion creep tends to occur for σ/E≤10-4 at very high temperature range T > 0.5Tm, 
(Tm the melting point in Kelvin). The creep rate during diffusion creep is proportional 
to the applied stress and the bulk self-diffusion coefficient. Diffusion creep by bulk 
diffusion was first considered by Nabarro and Herring [Nabarro 1950] and thus called 
Nabarro-Herring creep 
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where NH denotes Nabarro-Herring, D is the lattice diffusion coefficient, d is the 
grain diameter, b is the Burgers vector and G is the shear modulus and ANH is typically 
of the order of 10. Usually at a lower temperature and in fine-grained material, the 
Coble mechanism (diffusion through grain boundary) [Coble 1963] operates  
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where C denotes Coble, δ is the effective width of the grain boundary, Dgb is the grain 
boundary diffusion coefficient. Diffusion creep is characterized by a stress exponent 
n=1 and a clear dependence of creep rate on grain size, with large grained materials 
being more creep resistant.  
In the technically most important stress range 10-4 ≤σ/E≤10-2 another type of creep 
occurs, which is controlled by dislocation climb. It is termed as dislocation creep. 
Weertman [Weertman 1955] explained that creep tends to occur by dislocation climb 
aided by vacancy diffusion to overcome obstacles for dislocation glide (Fig. 2.10), for 
instance, if a dislocation is pinned by Lomer-Cottrell locks (Fig. 2.10a). The 
dislocations overcome the obstacles by climb, aided by bulk diffusion via vacancies. 
(Fig. 2.10b).  The minimum strain rate of dislocation creep can be presented in the 
Mukherjee-Bird-Dorn format: 
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where A is a material constant, D is the lattice diffusion coefficient and n is the stress 
exponent typically 4≤n≤9. 
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Fig. 2.10: Dislocation overcoming obstacles by climb, according to Weertman theory. 
(a) overcoming Cottrell-Lomer locks (b) overcoming an obstacle. [Meyers2009] 
The creep model of Kelly and Street [Kelly 1972] had been widely used to describe 
the steady state creep of many fiber reinforced MMCs. In this model, two distinct 
mechanical behaviors of the reinforcement were distinguished, i.e. a rigid fiber in a 
creeping matrix and a creeping fiber in creeping matrix, as illustrated in Fig. 2.11.  
 
Fig.2.11 Schematics of a composite containing rigid and creeping fiber in a creeping 
matrix under applied stress cσ , and the stress distribution fσ along fiber. 
When the plasticity of fibers was taken into account, as shown on the bottom of 
Fig.2.11, there is a zone at each end of the reinforcing fiber where the normal stress in 
the fiber increases from zero to the yield stress of the fiber. This zone has a length of 
l ′ (Fig.2.11), and the ratio between the zone length and fiber size/diameter, d/l ′ , 
24 
 
which was termed as the ‘stress transfer aspect ratio’ (s.t.a.r.) by Kelly and Street 
[Kelly 1972] can be calculated as  
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where fσ  and mσ  are the creep strength of fiber and matrix, i.e. stress required to 
cause a specified minimum creep rate, with subscript m and f for matrix and fiber, a is 
the stress exponent of matrix. When dislocation creep is assumed for both matrix and 
fiber, and strain compatibility exists between reinforcement and matrix during 
stationary creep, the creep strength of the composite σc, i.e. the applied stress on the 
composite during creep with a minimum creep rate of ε& ,
 
will be a weighted average 
of the creep strength of the fiber and the matrix according to the rule-of-mixture: 
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where Vf is the volume fraction of the reinforcement,  ε&  and σ  are the creep rate (in s-
1) and creep stress (in MPa), with subscript c, m and f for the composite, matrix and 
fiber, b is the power law creep stress exponent of the fiber. A0 is a material constant. 
For creeping composites containing a plastically deforming matrix and rigid fibers 
(top of Fig. 2.11), the strain of the soft matrix cause a reaction strain in the vicinity of 
the interface, due to the perfect bonding between the rigid reinforcement and matrix, 
however away from the interface in the center of two neighbouring rigid fibers the 
matrix is less confined by the rigid fiber/matrix interface and therefore can flow 
relatively freely. This interface reaction engenders strain inhomogeneity and a shear 
stress which gives rise to the load transfer to the reinforcement. Based on a shear lag 
model, Kelly and Street [Kelly 1972] defined stress mσ  on the matrix during creep 
under the applied stress cσ is: 
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Owing to the strain compatibility caused by a strong fiber/matrix interface, the creep 
strain rate of the composite can be written by: 
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It can be seen from Eq. 2.26 that, when the plastic flow of the composite containing 
rigid fibers is carried by the creeping matrix, the creep rate of the composite is 
controlled by the creep rate of the matrix, which creeps only under a small fraction of 
the applied stress, as described by Eq. 2.25, due to the combination of a rigid fiber and 
a strong fiber/matrix interface that gives rise to an effective load transfer from the 
matrix to the fiber and thus diminishes the stress partition of the matrix enormously. 
Details of this model and its relevance in NiAl composites will be discussed in 
Chapter 7. 
2.3 Oxidation resistance  
One of the key requirements for structural materials serving at HT is the resistance to 
environmental degradation such as oxidation.  The oxidation behavior of binary Ni-Al 
has been extensively studied in the recent decades, due to its close relationship with 
Ni-base superalloys as coatings. The excellent oxidation resistance of NiAl-based 
material is well known. This merit stems from the easy formation and slow growth of 
a protective Al2O3 scale [Noebe 1993, Doychak 1994]. A protective oxide scale on a 
metallic substrate has to meet the following requirements.1) High thermodynamic 
stability 2) slow growth rate 3) adherence to the metallic substrate. 
High thermodynamic stability implies a large negative free energy of formation and a 
low vapour pressure. Fig. 2.12 shows the Ellingham diagram (Fig. 2.12a) and 
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equilibrium vapour pressure (Fig. 2.12b) of many metallic oxide phases, including 
Al2O3 and various oxides of refractory metals like Mo, W and Cr. It is obvious that 
the Al2O3’s standard free energy of formation and equilibrium vapour pressure are 
very low over some interesting range of conditions like temperatures above 1000ºC 
and oxygen partial pressure PO2 around 0.21atm.  
 
Fig. 2.12: (a) Ellingham diagram of thermodynamic stabilities of oxides (b) 
Equilibrium vapour pressures of some selected oxides [Doychak 1994]. 
Another requirement for a protective oxide scale is a slow growth rate. Oxidation 
reactions of oxide scales on metals generally follow a parabolic rate equation given by  
                                                       tkx p=
2
                                                   (2.27) 
where x is the scale thickness, t is the time, and kp is the parabolic growth  rate 
constant. For parabolic growth, the diffusion process is usually the rate-limiting step, 
and the diffusion of the slowest species through the oxide scale controls the overall 
growth rate of the scale. Fig. 2.13 provides parabolic growth rate constants as a 
function of temperature for many oxides of interest (Fig. 2.13a) and diffusion 
coefficients of the slowest specifies in the corresponding oxides (Fig. 2.13b) as a 
function of temperature. At temperatures above 900 ºC, Al2O3 demonstrates a rather 
low growth rate in terms of the parabolic growth constant and self-diffusivity. One 
important aspect to note in Fig. 2.13b is that diffusion through short-circuit paths such 
as grain boundaries in polycrystalline materials or interfaces in composites is often 
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much faster than bulk diffusion, which alters the oxidation kinetics substantially. 
Details of this influence will be discussed in Chapter 8.  
 
Fig. 2.13: (a) Arrhenius plot of parabolic-growth-rate constants kp of selected oxides; 
(b) Self-diffusion coefficients through selected oxides [Nesbitt 1993]. 
Protective oxide scales must adhere to the underlying metallic substrates. This is of 
great importance when the material is subjected to cyclic oxidation test, which is 
significantly more severe than isothermal oxidation and more closely approximates 
actual service conditions. During each thermal cycle, thermal residual stresses 
develop at the metal/oxide interface, since oxides and metals often have very different 
CTEs. This leads to delamination of the oxide scale or bulging failure followed by 
spallation of the scale. As indicated in Fig. 2.14, during cyclic oxidation the curve of 
specific weight gain ∆Wm (∆mass/area) vs. time is an interpolation of parabolic-rate 
oxidation and oxide scale spallation. Each subsequent thermal cycle consists of a fast 
initial parabolic oxidation followed by a weight loss upon scale spallation 
(Fig.2.14).The net result is an overall weight loss of the specimens after many cycles 
and a faster overall degradation rate relative to isothermal oxidation. Binary NiAl 
often demonstrate very fast weight loss upon cyclic tests [Lowell 1990]. The damage 
caused by spalling usually accelerates as the number of cycles increases, resulting in a 
much faster oxidation kinetics than in isothermal conditions. Many researchers have 
found that the addition of rare earth elements like Y, Hf and Zr [Smialek 1978 and 
28 
 
Lowell 1990] is beneficial for improving the cyclic oxidation resistance of  NiAl, due 
to an increased scale adhesion [Smialek 1978, Barrett 1988 and Doychak 1989]. 
 
Fig. 2.14: Schematic of specific weight changes associated with isothermal and cyclic 
oxidation processes [Doychak 1994]. 
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Chapter 3 
Experimental 
3.1 Components 
3.1.1 NiAl matrix 
β-NiAl is an intermetallic Hume-Rothery electron compound with a valence 
electron/atom ratio of 3/2 [Noebe 1993]. It has an ordered B2 structure where two 
primitive lattices interweave into each other to form a CsCl-type lattice, also know as 
L20 structure (Fig.3.1a). As illustrated by the phase diagram in Fig. 3.1b, the phase 
NiAl has an extended range of homogeneity and melts congruently at about 1638ºC 
for the stoichiometric composition with 50 at.% Al, indicating a strong bonding 
between Ni and Al and a high tendency to atomic ordering.  
 
Fig. 3.1: Crystal structure (a) and phase diagram [Massalski 1992] (b) of NiAl. 
The physical and mechanical properties of NiAl have been reviewed in detail [Miracle 
1993, Noebe 1993]. The lattice parameter and the density for stoichiometric Ni-50Al 
are determined to be 0.2887nm [Taylor 1972] and 5.90g/cm3 [Bradley 1937], 
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respectively. In addition, these properties usually depend to a large extent on the 
stoichiometry. The elastic constants, Poissons ratio and thermal expansion coefficient 
of stoichiometric NiAl have been determined experimentally as a function of 
temperature by numerous researchers [Wasilewski 1966, Rusovic 1977 and 
Harmouche 1985].  Young’s modulus was found to decrease approximately linearly 
with increasing temperature for stoichiometric NiAl [Rusovic 1979]: 
                         E (GPa) = 204.9-0.041T                                                                 (3.1) 
where T is the absolute temperature. Hellman et al. [Hellman 1990] also have 
measured the temperature dependence of the shear modulus G and of the Poissons 
ratio v for NiAl.  
                       G (GPa) = 76.6-0.017T                                                                      (3.2) 
                        v = 0.307+2.15×10-5T                                                                       (3.3) 
The coefficient of thermal expansion (CTE) α between 300 and 1300K can be 
described by [Clark 1984]: 
                 αNiAl(K-1) = 1.16026×10-5 + 4.08531×10-9T – 1.58368×10-12T 2             (3.4) 
Noebe et al. [Noebe 1993] have thoroughly summarized the investigations on line 
defects of NiAl and have pointed out that there are basically three slip vectors for 
dislocations in single NiAl crystals: namely a0<001>, a0<110> and a0<111>, where a0 
is the lattice parameter of NiAl. The operative slip systems are strongly dependent on 
crystallographic orientation and deformation temperature. In general, the slip vector is 
a0<001> over the entire temperature range for single crystals, for a non-<001> 
loading direction [Loretto 1971 and Field 1991]. The glide of a0<111> dislocations 
accomplishes uniaxial deformation of <001>-oriented crystals below 600K [Campany 
1973 and Veyssiere 1992], whereas a0<110> dislocations dominate above 600K 
[Fraser 1973, Lasalmonie 1989]. As a consequence of the available slip systems, the 
strength and ductility are highly anisotropic with a ‘hard’ <001> direction and ‘soft’ 
directions like <110>, <111> and <123>, as demonstrated in Fig. 3.2a [Noebe 1992]. 
NiAl with hard orientation shows practically no ductility below the brittle-to-ductile 
transition temperature (BDTT), which is around 550K-750K (0.29-0.39Tm) [Darolia 
1992]. One of the reasons for the brittleness of NiAl is the insufficient number of slip 
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systems since there are only three with the <001> slip vector, however at least five 
independent slip systems are necessary for a general homogenous deformation. 
Another reason for the brittleness of polycrystalline NiAl stems from grain boundary 
weakness, which gives rise to extensive intergranular fracture at room temperature. 
The plane strain fracture toughness (mode I) at room temperature was measured to lie 
between 4~6 MPam0.5 for binary polycrystalline NiAl [Russell 1989, Kaysser 1991], 
and 6~10 MPam0.5 for single crystalline [001] NiAl [Chang 1992, Heredia 1993], 
strongly dependent on the employed notch preparation technique and pre-crack size.  
 
Fig. 3.2: a)Yield stress as function of temperature for different orientations of near 
stoichiometric single crystal NiAl[Ball 1966, Pascoe 1968, Bowman1989, Kim1990, 
Lahrman 1991] b) steady state creep rate of stoichiometric NiAl as a function of 
stress at 1175K [Vandervoort1966, Hocking1971, Yang1973, Rudy1985, 
Whittenberger1987 and Raj 1993]. 
Table 3.1:  Summary of creep parameters for NiAl 
Al, at.-% Grain 
size,µm T, K n Qc, kJ/mol Refs 
44-50.6 15-20 1100-1400 5.75 314 Whittenberger1987 
50 12 1200-1300 6 350 Whittenberger1990 
50 450 1073-1318 10.2-4.6 283 Yang1973 
50 
Single 
Crystal 
[multiple] 
1023-
1328 4.0-4.5 293 Bevk1973 
50 Single Crystal [001] 
1000-
1300 6 440 Noebe1993 
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Since the mid-1960s, many investigations have been performed to characterize the 
creep mechanisms in β-NiAl. Fig. 3.2b and Table 3.1 display a summary of measured 
and interpolated creep data for binary NiAl at 1175K [Vandervoort1966, 
Hocking1971, Bevk1973, Yang1973, Rudy1985, Whittenberger1987, 
Whittenberger1990, Noebe1993 and Raj 1993]. Most studies show a stress exponent n 
between 5 and 7, and an average value for the activation energy of creep Qc around 
310 kJ/mol, which is reasonably close to the activation energy of self-diffusion in 
binary NiAl, Q*=290 kJ/mol [Noebe1993]. Observations of subgrain formation after 
high temperature deformation have also been reported by many researchers 
[Lautenschlager 1965, Yang1973, Rudy1985 and Whittenberger1987]. All these 
results suggest dislocation creep to occur in stoichiometric NiAl. However, some data 
[Raj 1993] in Fig. 3.2b shows a lower stress exponent than n=3, which indicate some 
grain boundary assisted mechanisms, e.g. grain boundary sliding.  
3.1.2 Mo fiber  
Due to their high melting point, high elastic modulus, sufficient strength at HT and 
low thermal expansion, refractory metals are of great interest for composite designers 
to enhance the HT performance of structural materials. The b.c.c. transition metal 
molybdenum with a melting point of 2623°C, a lattice parameter of 0.3147 nm 
[Young 1968] and a density of 10.28 gcm−3 possesses very beneficial physical and 
mechanical properties for structural application at HT [Frost 1982]. The temperature 
dependence of Young’s modulus E, shear modulus G and thermal expansion 
coefficient (CTE) α of pure molybdenum, as function of temperature are given by the 
following expressions [Farraro 1977, Shinno 1988, Hashizume 1987]: 
                                            E (GPa) = 323.4-0.0418T                                              (3.5)                           
                                            G (GPa) = 133.1-0.0223T                                             (3.6)              
                 αMo(K-1) = 4.9904×10-6 + 1.1837×10-10T +3.5877×10-13T 2                    (3.7) 
Molybdenum’s ductile-to-brittle transition temperature (DBTT) is typically within 
approximately 100°C of room temperature [Armstrong1970].  At room temperature, 
regardless of the crystallographic orientation or microstructure, fracture toughness 
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values between 15 and 22 MPam0.5 were measured for pure molybdenum 
[Shields1999]. Fig. 3.3 summarises the tensile properties (Fig.3.3a) and the creep 
resistance (Fig.3.3b) of molybdenum as a function of temperature.  
 
Fig. 3.3: a) Yield strength, tensile strength and total elongation of polycrystalline 
molybdenum and near <001> monolithic molybdenum [Horaoka1985] at various 
temperatures; b) steady state creep rate vs. stress for polycrystalline molybdenum at 
different temperatures[Conway1968, Calvalhinhos1967 and Pugh1955].  
In order to put these data of Molybdenum into some perspective, Table 3.2 compares 
some fundamental physical and mechanical properties of NiAl and Mo, which are 
important from a composite design point of view. It can be seen that Mo is in general 
much stiffer, stronger and tougher than NiAl, whereas NiAl weighs much less and 
offers excellent protection against oxidation. Therefore, it is expected that in a 
composite containing NiAl and Mo, these two components will, in a way, 
complement each others performance and thus offer an excellent combination of 
thermal-mechanical properties for the composite. 
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Table 3.2:  Comparison of fundamental properties of NiAl and Mo* 
 NiAl Mo 
Density ρ at RT , g/cm3 5.90 10.28 
Melting point Tm, K 1911 2896 
Young’s modulus E at 1300K, GPa 151.6 269.1 
CTE α at 1300K, K-1 14.9×10-6 5.73×10-6 
RT Fracture toughness KIC, MPam0.5 6~10 15~22 
Creep strength σ at 1300K and 10-6s-1, MPa 20 80 
Oxidation resistance, Stability of scale Excellent, stable protective Al2O3 
No protection, unstable 
highly volatile MoO2 
Standard free energy of formation ∆Gf0 at 
1000 °C , kcal/mol O2 [Doychak 1994] -205 -90 
Equilibrium vapour pressure logP(MXOY) 
at P (O2) =0.21atm [Doychak 1994] 
-18.8 -0.4 
* data taken from Eq. 3.1, 3.4, 3.5 and 3.7, Fig. 3.2b and 3.3b. 
Furthermore, it is stressed that the strength of fine molybdenum fibers (diameter/size 
≤ 1µm) in a composite is much higher than presented by the data shown in Fig. 3.3.  
Bei et al. [Bei 2007] showed that micro- to nanoscale single crystalline Mo fibers 
extracted from NiAl-9Mo in-situ composites exhibited a compressive strength of 
~9GPa at RT, as measured by nanoindentation tests, i.e. close to the theoretical 
strength, since those Mo micro-pillars (size ≤1µm, length around 3µm) are essentially 
dislocation-free. Moreover, Johanns et al. [Johanns 2012] reported a scatter (1~10GPa) 
of the yield stress measured by in-situ tensile tests on Mo fibers (size around 500nm, 
gauge length 9~41µm). Their investigations suggest that, in such a small volume (Mo 
fiber size≤ 1µm), the probability that the fiber contains defects and utilizes 
dislocations to carry the imposed load is very low. Therefore the yield stress of fine 
Mo fibers approaches the theoretical strength.  
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3.1.3 NiAl eutectic systems 
With the objective to improve both the RT fracture toughness and HT creep resistance 
of NiAl based materials, in-situ composites are produced by directional solidification 
of eutectic alloys. During the eutectic reaction, two or more solid phases form 
simultaneously from the liquid and align themselves parallel to the growth direction. 
Numerous NiAl-based in-situ composites have been extensively investigated [Johnson 
1994], and they can be classified into three categories: i) the NiAl-refractory metal 
eutectic system; ii) the NiAl-Laves phase eutectics and iii) ternary eutectic systems 
containing NiAl, a refractory metal phase and a Laves phase. Their mechanical 
properties are summarized in Fig. 3.4a. In this figure, the creep resistance at 1300K 
and the RT fracture toughness of the NiAl-based eutectic in-situ composites is 
compared to NiAl and a nickel based single crystal superalloy. The NiAl-NiAlTa 
composites show the best creep strength (Fig. 3.4a), which is comparable to that of 
the superalloy, whereas the NiAl-V eutectic demonstrates the highest fracture 
toughness at RT, which is important since a RT fracture toughness of 20 MPam0.5 is 
considered to be the threshold value for key components in modern gas turbine 
engines, e.g. turbine blades [Bewlay2002]. Compared to the other NiAl-based 
eutectics, the NiAl-Mo/Cr/Cr(Mo) eutectics have a reasonable combination of RT and 
HT mechanical properties(Fig. 3.4a), therefore they were selected for the current 
investigations. The pseudo-binary phase diagram of NiAl-Cr/Mo systems is displayed 
in Fig. 3.4b. It shows a eutectic points of NiAl-9at.% at 1600°C , which comprises a 
fibrous eutectic microstructure with square fiber cross section as revealed in Fig. 3.5a 
and another eutectic point of NiAl-34at.%Cr at 1445°C, which also generates a 
fibrous eutectic microstructure but with a cylindrical fiber shape as displayed in Fig. 
3.5b. Fig. 3.4b also demonstrates the complete miscibility of Cr and Mo (Fig. 3.4b), 
which allows some Cr to be replaced by Mo and gives rise to the formation of NiAl-
Cr(Mo) eutectics, e.g. NiAl-28Cr-6Mo. This changes the fiber shaped Cr fiber in 
NiAl-34Cr to lamella shaped Cr(Mo) in NiAl-28Cr-6Mo, as shown in Fig. 3.5c.                                                          
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Fig. 3.4: a) Performance of various NiAl eutectic in-situ composites [Johnson 1994]; 
b) Phase diagram of NiAl-Cr-Mo system. 
 
Fig. 3.5: Fibrous eutectic microstructures of a) NiAl-9Mo and b) NiAl-
34Cr[Walter1973]; Lamella eutectic microstructure of c) NiAl-28Cr-6Mo. 
3.2 Directional solidification  
Two eutectic systems were investigated in this study, one with a nominal eutectic 
composition of Ni-45.5Al-9Mo (all in atomic percent), and Ni-33Al-28Cr-6Mo. As-
cast NiAl-9Mo and NiAl-28Cr-6Mo buttons were produced by melting in an 
induction melting furnace from high purity Ni, Al, Cr and Mo (purity >99.99%). 
Thereafter, these buttons were placed in an alumina crucible and directionally 
solidified (DS) in a Bridgman furnace with a liquid metal cooling (LMC) device 
under protective argon atmosphere. The Bridgman furnace basically consists of two 
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parts, as schematically shown in Fig. 3.6. The upper part is a graphite heating 
component, while the lower part is a container filled with liquid eutectic Indium-
Gallium (In-Ga), as cooling medium, generating a strong temperature gradient in 
longitudinal direction. After heating the loads above the melting temperature, the 
system was drawn downwards at various velocities (Fig. 3.6). During this process the 
solid/liquid front was always kept at the position of the baffle, where the local 
solidification conditions was constantly monitored. As the whole system was driven 
downwards, the material was directionally solidified with the eutectic phases (Mo 
fibers or Cr(Mo) lamella) aligned parallel to the directional solidification axis (growth 
direction). The NiAl-9Mo and NiAl-28Cr-6Mo rods after DS were 8 mm in diameter 
and 30 mm in length.  
 
Fig. 3.6: Schematic representation of the Bridgman furnace with LMC [Bogner 2012] 
During the solidification procedure, the growth rates were carefully controlled and the 
temperature gradient was also accurately measured at the baffle during solidification. 
All processing parameters and material compositions are shown in the following table 
3.3. 
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Table 3.3: Materials and processing parameters 
Nominal composition, in at.% Ni-45.5Al-9Mo Ni-33Al-28Cr-6Mo 
Measured composition (EDX), in at.% Ni-43.8Al-9.2Mo Ni-33.1Al-27.9Cr-6.3Mo 
Growth rate R, in mm/min 1.33,  0.67,  0.33 3,  1,  0.67,  0.33,  0.1 
Temperature gradient G, in K/mm 9~11 20~21 
 
3.3 Microcharacterization  
The directionally solidified (DS) rods of NiAl-9Mo and NiAl-28Cr-6Mo in-situ 
composites were transversely and longitudinally sectioned by electrical discharge 
machining (EDM). The samples for SEM observations were prepared by routine 
metallographic methods (grinding and mechanical polishing). After preparation the 
samples were observed by SEM (FEG LEO1530) using back scatter electron imaging 
(BSEI) in order to obtain a good contrast owing to the different atomic weight of NiAl 
and Mo/Cr. The local chemistry of the samples was analyzed by EDX/SEM (Oxford 
Link ISIS/JEOL JSM-7000F). Since the microstructural stability of the DS in-situ 
composites at elevated temperatures is essential for structural applications at high 
temperatures, a NiAl-Mo DS rod solidified at R=0.67mm/min and NiAl-Cr(Mo) DS 
rod solidified at R=0.1 mm/min were annealed at 1100 °C in a vacuum of 10-2 Pa for 
500 hours. After annealing, the microstructure and local chemistry of the rod were 
examined by SEM/XEDS and compared to that of unannealed rods. 
The foils for transmission electron microscopy (TEM) were prepared by ion milling 
(Duo MillTM 600 of Gatan). The disk-shaped specimens (Ø3mm×0.1mm) were 
firstly dimpled to a thickness of about 20 µm in the disk center and then ion-milled. 
The acceleration voltage and incidence angle of the argon ion beam were 5kV and 12°, 
respectively. The TEM foils were imaged along the growth direction of the DS rods in 
a JEM FX2000 for routine observations and a FEI Tecnai F20 for high resolution 
imaging. The HRTEM micrographs were treated by Gatan DigitalMicrograph® 3.9 to 
reveal interface dislocations at the NiAl/Mo interface. 
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3.4 Mechanical tests  
3.4.1 Tensile tests 
The strength (σ0.2 and σUTS) and the plastic elongation at peak stress (εpeak) of DS 
NiAl-9Mo were measured  by tensile tests along the directional solidification 
direction, as illustrated in Fig 3.7a at 700 °C and 1100 °C, respectively, in vacuum 
(2×10-2 Pa) at a true strain rate of 1×10-4s-1 by a servo-hydraulic mechanical testing 
machine (Schenk Hydropuls PSB250, Fig. 3.7b). Dogbone-shaped tensile specimens 
with a gage volume of 1×1.3×18.2 mm3 were cut from DS rods by electronic 
discharge machining (EDM). Fracture surfaces were examined by SEM with 
secondary electron imaging (SEI). 
 
Fig. 3.7: a) Illustration of the dimension of the dogbone-shaped tensile sample; b) 
tensile test experimental set-up with Schenk Hydropuls PSB250. 
3.4.2 Creep tests 
The creep behavior of DS NiAl-9Mo (R = 0.33mm/min) composites was examined by 
tensile creep tests at 900°C -1200 °C at constant load with an initial tensile stress of 
80 MPa-220 MPa in vacuum (2×10-2 Pa) with the Schenk Hydropuls PSB250 (Fig. 
3.7b). Dogbone-shaped tensile specimens had the same geometry with the ones shown 
in Fig. 3.7a, with tensile axis parallel to the growth direction and also to the Mo fiber 
axis. Prior to the creep tests, some dogbone-shaped specimens were mechanically 
polished on one side. After the creep test this polished surface was examined by SEM 
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(FEG LEO1530) using secondary electron imaging (SEI) and back scatter electron 
imaging (BSEI) for fractography of Mo fibers and NiAl matrix. The local chemistry 
of the samples was analyzed by EDX/SEM (Oxford Link ISIS/JEOL JSM-7000F). 
The microstructure after creep deformation was analyzed by TEM. Owing to the too 
small cross section of the tensile creep specimens (1×1.3 mm2), the TEM specimens 
were prepared from samples deformed by compression creep on DS NiAl-9Mo with a 
cylindrical shape of Ø4mm×6.25mm, in Schenk Hydropuls PSB250. The compression 
direction was parallel to the cylinder axis and growth direction. The compression tests 
were performed at 1100 °C under an initial compressive stress of 150 MPa in vacuum. 
TEM observations were carried out on samples cut parallel to the cylinder axis/growth 
direction. The ion-milled TEM foils (preparation described in section 3.3) were 
imaged in an analytical TEM (JEM FX2000-II) for routine analysis and an FEG 
Tecnai F20 for HRTEM imaging. Fine precipitates and the local chemistry in the Mo 
fibers were analyzed by STEM/EDX and STEM/HAADF.  
3.4.3 Flexure tests 
Four-point bending tests were carried out to determine the fracture toughness of as-
produced NiAl-9Mo composites. The experimental set-up is demonstrated in Fig. 3.8a. 
The specimens with a U-shaped pre-notch were machined by EDM. The geometry of 
the specimens is shown in Fig. 3.8b. A very sharp V-shaped notch (Single Edge V-
Shaped Notch Beam, SEVNB) was prepared by polishing the bottom of a U-shaped 
pre-notch with a razor blade (Wilkinson Classics, 100µm) using diamond paste 
(Diamond paste mono K50, grain size 1µm). During the whole polishing process, 
which lasts for about 4~6 hours, a constant force of 1 N was exerted by the razor 
blade on the specimen. The depth and bottom radius of the V-shaped notch after 
polishing were about 600 µm and 5-10 µm, respectively (Fig. 3.8c). This method was 
preferred over a conventional single edge pre-cracked beam (SEPB) or a single-edge 
notched beam (SENB) for saving time and precision as well as reproducibility of the 
V-shaped notch geometry that is essential for the accurate and reliable measurement 
of fracture toughness [Gogotsi 2000, Fischer2008].  
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Fig. 3.8: a) Four-point bending tests with Schenk Hydropuls PSB250, SEVNB NiAl-
9Mo bending specimen showing, b) sample geometry with a U-shaped pre-notch and 
c) sharpened V-shaped notch with a depth of around 600µm and a root radius of 
approximately 7µm. 
Bending tests were performed at room temperature in a servo-hydraulic materials 
testing machine (Schenk Hydropuls PSB250, Fig. 3.8a) using a cross head 
displacement rate of 5×10-4 mm/s, which was equivalent to an initial strain rate of 
1.2×10-5 s-1. The spacings of the outer and inner span were 34 mm and 17mm, 
respectively (Fig. 3.8b). Mode Ι fracture toughness values were calculated according 
to the “K calibration” for pure bending [Brown1966]. As defined in ASTM special 
technical publication 410, K calibration is a standard method for single edge cracked 
beam specimens in four-point bending test, for the calculation of the fracture 
toughness [Brown1966]: 
                                          2
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where Y is a geometry factor, M is the applied bending moment, α is the crack length, 
B is the specimen width and W is the specimen depth. In the case of 0.2 ≤α/W ≤0.6 (in 
the current study α/W was around 0.45), the geometry factor Y can be approximately 
calculated by a fourth-degree polynomial: 
               
4
4
3
3
2
210 





+





+





+





+=
w
A
w
A
w
A
w
AAY αααα                             3.9 
where for the current test, the coefficients Ai, i=0,1,2,3,4 have following values: 
A0=1.99, A1= -2.47, A2=12.97, A3= -3.17 and A4=24.8 [Brown1966]. 
The fracture surface of four-point bending specimens was imaged and analyzed by 
SEM. The deformed microstructure was examined by TEM on foils from just beneath 
the fracture surface. 
3.5 Cyclic oxidation tests 
The NiAl eutectic in-situ composite (NiAl-9Mo, NiAl-34Cr and NiAl-28Cr-6Mo) 
samples for oxidation tests were prepared by directional solidification process 
described in section 3.2. For comparison, a NiAl based alloy IP75 (Ni-45Al-2.5Ta-
7.5Cr) and a Ni-based superalloy CMSX-4 were also produced by DS. The growth 
rates R ranged from 0.33 to 1 mm/min. The DS rods were subsequently machined by 
electron discharge machining (EDM) into sheet specimens with a dimension of 
20×8×1.5mm3 and a 2.5mm diameter circle hole for hanging the samples in the 
oxidation furnace during the cyclic test (Fig. 3.9c). The oxidation resistances of NiAl 
eutectics, IP75 and CMSX-4 were tested by cyclic tests using a vertical oxidation 
furnace, as illustrated in Fig. 3.9a. Each oxidation cycle consisted of heating the 
specimens to 1000 °C and then tempering for 2 hours in air followed by 15 minutes of 
cooling in ambience outside the furnace (Fig. 3.9b). The total exposure time was up to 
1028 hours. The specimens were weighed after every 18 cycles (i.e. after every 
exposure time of 36 hours) to determine the specific weight change (∆Wm in mg/cm2, 
the mass gain per unit area) with exposure time. After a total exposure for 1028 hours 
the microstructure and oxidation scale were identified and analysed by metallographic 
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observation (with Leica Leitz DMRM) and SEM/EDX (Oxford Link ISIS/JEOL JSM-
7000F) on the cross section of the specimens.    
 
Fig. 3.9: a) Principle of a vertical oxidation furnace, b) Temperature cycles employed 
in the cyclic tests and c) sample geometry  
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Chapter 4 
Microcharacterization of NiAl-9Mo and NiAl-28Cr-6Mo 
4.1 Introduction 
Both the mechanical and physical properties of NiAl in-situ composites depend 
strongly upon the alignment, size and distribution of the reinforcement in the eutectic 
microstructure produced by directional solidification. It is, therefore, important to 
explore the relationship between DS processing parameters and the formation of a 
desirable well aligned eutectic structure. Investigations [Walter 1970, Misra1997, Bei 
2004 and Liang 2010] have shown that the alignment and size of the eutectic phases 
can be varied by changing the ratio G/R of the temperature gradient G and the growth 
rate R of the solidification front. The eutectic of NiAl-9Mo was thoroughly 
investigated by Bei et al. [Bei 2004, Bei 2009] using a zone melting process, which is 
capable of generating very high temperature gradients (25-33K/mm) and thus, 
producing a highly aligned fibrous microstructure. However, this process is limited by 
the simple and small geometric size of the samples. Another DS process is the 
Bridgman process, which allows a wide variety of casting geometries but the 
temperature gradient has to be somewhat compromised and is much lower than in the 
zone melting process. Misra et al. [Misra1997] processed NiAl-9Mo in a Bridgman 
furnace with low temperature gradient (~3K/mm). A cellular eutectic microstructure 
was observed exhibiting curling of fibers towards the cell boundaries.  
In the current investigation, a Bridgman furnace assisted with a specially controlled 
liquid metal cooling (LMC) device was employed. It generates a much steeper 
temperature gradient (9-22K/mm) than conventional Bridgman furnaces, leading to a 
high degree of alignment of the eutectic microstructure. 
The microstructure evolution of NiAl-Cr(Mo) eutectic systems was studied by Walter 
and Cline et al. [Walter 1970a, Walter 1970b]. They found that the addition of Mo 
into the NiAl-Cr system triggers the transition from cylindrical Cr fibers to faceted 
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Cr(Mo) fibers to lamellae, while the growth direction changes from <100> to <111>, 
and the irregularly curved Cr/NiAl interface changes to a straight regular {11 2 } 
interfacial plane between Cr(Mo) and NiAl. The interface formed through the eutectic 
reaction is in general regarded thermodynamically stable and inherently strong, which 
favors mechanical events like load transfer and crack deflection, and thus promotes 
the mechanical performance of a composite. Due to the small difference in the lattice 
parameter of Mo, Cr and NiAl, the interface structure between Mo/NiAl and 
Cr(Mo)/NiAl is expected to be of semicoherent type, due to its low interfacial energy. 
However, such interfaces are seldom characterized in atomic detail. In the current 
study the interface structure of Mo/NiAl and Cr(Mo)/NiAl was carefully investigated 
and characterized by means of TEM and HRTEM.   
One reason for NiAl eutectics being of interest for HT structural applications is the 
inherent stability of their fine two-phase microstructure at elevated temperatures. The 
microstructural degradation in directional solidified NiAl-Cr and NiAl-Mo has been 
reported by Walter and Bei [Walter 1973 and Bei 2009]. Walter et al. found that the Cr 
fibers in NiAl-Cr were completely spheroidized after annealing at 1400°C for 160h 
whereas Mo fibers hardly coarsened after 300h annealing at 1400°C. Walter et al. 
attributed the excellent microstructural stability of NiAl-9Mo to the fact that the 
Mo/NiAl interface is constrained to lie in the {110} plane of the matrix and therefore 
pinch-offs along the fiber leading to spheroidization can not occur. However, Bei et al. 
observed that the Mo fiber density decrease and the fiber coarsened exponentially 
with time, apparently by fault migration and annihilation during annealing of NiAl–
9Mo at 1400°C for 400h. In this study, the microstructural stability of NiAl-9Mo and 
NiAl-28Cr-6Mo were explored and compared at a lower temperature of 1100°C and 
for a longer time up to 500h, which is considered to resemble the long-term service 
conditions of these HT structural materials. 
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4.2 Results 
4.2.1 NiAl-9Mo 
The ratio G/R of temperature gradient G and growth rate R during DS controls the 
alignment of the Mo fibers [Bei2005, Misra1998]. In order to obtain a well aligned 
fibrous microstructure with the Mo fibers approximately parallel to the DS direction 
the ratio G/R should be as large as possible in order to maintain a flat solidification 
front that is vertical to the growth direction [Gottstein 2004]. Since in the current 
study G was constant (G ~11 K/mm), an increase of G/R could only be accomplished 
by a reduction of R. The influence of R on Mo fiber alignment in NiAl-9Mo is 
displayed in Fig. 4.1. As R decreases from 1.33 mm/min to 0.33 mm/min and thus, 
G/R increases from 4.96×102 K·s·mm-2 to 2.0×103 K·s·mm-2, the microstructure of 
the DS rods changes from an initially cellular structure (Fig. 4.1a-b) in which the Mo 
fibers grow even perpendicular to the DS direction, through a less pronounced cellular 
structure (Fig. 4.1c-d), to a finally well aligned microstructure (Fig. 4.1e-f) with the 
Mo fibers approximately parallel to the DS direction. A measure for the Mo fiber 
alignment is the distribution of the inclination angle of the Mo fibers to the growth 
direction. According to measurements, the DS NiAl-Mo rods with a growth rate of 
1.33 mm/min revealed an average inclination angle of around 45° (irregular), whereas 
for R = 0.67mm/min the average inclination angle was found to lie between 10°~12°. 
The inclination angle in the DS NiAl-Mo rods with the lowest growth rate of 
0.33mm/min was around 2°~4°. This suggests that a G/R ratio of 2.0×103 K·s·mm-2 is 
basically sufficient to produce a NiAl-Mo composite reinforced by well aligned Mo 
fibers through directional eutectic solidification. 
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Fig. 4.1: SEM / BSEI micrographs reveal the alignment of Mo fibers at different 
growth rates. (a, c and e) on the longitude plane, (b, d and f) on the transverse plane.  
(a-b) R = 1.33 mm/min, (c-d) R = 0.67mm/min and (e-f) R = 0.33 mm/min. BSEI: 
back scattered electron image.  
The well aligned Mo fibers with a composition of Mo-8.4Al-10.9Ni and a volume 
fraction of 14.1% were embedded in the NiAl matrix (Mo content <0.1 at.%) and 
parallel to the growth direction. These fibers exhibited a cubic or rectangular cross-
section and had an edge length of around 1µm, also defined as fiber size α, as shown 
in Fig.4.2a. The crystallographic relationship between NiAl matrix and Mo fibers 
after DS was identified by SEM/EBSD and TEM/SAD (Fig. 4.2). The <100> 
direction and {100} plane of both B2 NiAl and bcc Mo were found to be parallel to 
each other with a {110} interface in between (Figs. 4.2b-d). The lattice mismatch of 
8.2% between NiAl and Mo led to the formation of a semi-coherent interface. This 
cube-on-cube orientation relationship between NiAl and Mo was also reported by 
Cline et al. in early investigations [Walter 1970] and Bei et al. more recently [Bei 
2005].  
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Fig. 4.2: Microstructure and crystallographic analysis of DS NiAl-Mo rod (R = 0.33 
mm/min). (a) SEM/BSEI micrograph of the microstructure on the longitudinal plane. 
(b)TEM/SAED pattern at indicated position of NiAl/Mo interface plane and (c and d) 
SEM/EBSD pattern reveal a cube-on-cube orientation relationship between NiAl 
matrix and Mo fibers. SAED: selected area electron diffraction. 
It is worthy to note that the DS NiAl-Mo rods solidified at R = 0.33mm/min consisted 
of a few grains stretched along the growth direction (less than 10 grains on the 
longitudinal section with a diameter of 8mm). During solidification these grains grew 
parallel to the common growth direction <001> but somewhat rotated around the 
common <001> axis. Observations on the transversal section revealed that at grain 
boundaries Mo fibers maintain their [001] orientations approximately parallel to the 
growth direction (Fig. 4.3b), unlike higher growth rates (R=0.67 mm/min) where the 
Mo fibers were strongly tilted towards the grain boundaries (Fig. 4.3a). 
a 
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Fig. 4.3:  SEM/BSEI micrographs show the orientation of Mo fibers near grain 
boundaries at different growth rates. (a) R = 0.67mm/min and (b) R = 0.33 mm/min. 
The fiber spacing (λ), i.e., the average distance between the centers of next neighbor 
Mo fibers on a longitudinal section, and the fiber size (α), i.e. the shortest edge length 
of the rectangular cross section of the Mo fibers, were measured on the longitudinal 
plane of the NiAl-Mo rods directionally solidified at different growth rates from 
R=0.16 mm/min to 1.33 mm/min. The measured λ and α are plotted as function of R-
1/2
 in Fig. 4.4a. Obviously, λ and α increase monotonically with decreasing growth rate 
in Fig. 4.4b. The volume fraction Vf of Mo fibers remained constant, i.e. 14.1%, for 
the DS rods solidified at different growth rates.  
By considering the diffusion required for phase separation and the formation energy 
of the interface, one arrives at the relationships [Jackson1966]: 
                                              
1
2 CRλ =                                                (4.1) 
                                             
2
2 CRα =                                                (4.2) 
where C1 and C2 are the constants related to liquidus slope, interfacial energies, 
interface shape, and phase volume fractions. In the current study, C1 and C2 were 
regarded as constant over the entire range of experimental conditions and equal to the 
square of the slopes of λ vs. R-1/2 and R-1/2 vs. α (Fig. 4.4a). Accordingly, C1 and C2 
amounted to C1=λ2R = 2.76µm2·mm/min and C2 = α2R = 0.31µm2·mm/min. These 
values are close to those reported by Bei et al. with 1.6 µm2·mm/min and 0.22 
µm2 ·  mm/min, respectively [Bei 2005].  
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Fig. 4.4: Effect of growth rate R on Mo fiber spacing and size in NiAl-Mo DS rods. (a) 
Dependency of α and λ on R−1/2; (b) SEM/BSEI micrographs show the corresponding 
microstructural variation. 
The microstructure of DS NiAl-Mo was studied in more detail by TEM. Fig. 4.5a and 
b show a high dislocation density in the NiAl matrix and dislocation pile-ups close to 
the interface. Between these dislocations we found some Mo-rich precipitates of size 
10nm to100nm (Fig. 4.5d). Dislocations were merely observed in the Mo fibers (Fig. 
4.5c). The relatively large dislocation density in the matrix (about 1012m-2) indicated 
plastic deformation of NiAl, due to thermal residual stresses (TRS) during cooling 
after solidification owing to different coefficients of thermal expansion (CTE) of NiAl 
(15.1 x 10-6 °C -1) and Mo (6.5 x 10-6 °C -1) [Noebe1993, Misra1998]. FEM 
computations of the TRS distribution in NiAl composites are introduced in the 
discussion section.  
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Fig. 4.5: Bright-field TEM micrographs reveal the microstructure of NiAl-9at.%Mo 
DS rod with R = 0.67 mm/min. (a-b) in NiAl and (c) in Mo fiber.(d) Mo-rich 
precipitation in NiAl. 
The interface structure in a NiAl-9Mo composite was characterized by HRTEM (Fig. 
4.6a). The fast-Fourier transform (FFT)-treated image of Fig. 4.6a shows a {110} 
interface between Mo fiber and NiAl matrix (Fig. 4.6b). It is noted that the NiAl/Mo 
interface shown in Fig 4.6b was not flat but rather rough on an atomic scale, as shown 
by connecting the locations of the mismatch dislocations with a white dashed line in 
Fig. 4.6d. The mismatch dislocations were always located on the NiAl side which had 
a smaller lattice constant (a0=0.2889 nm) but not on the Mo side which had a larger 
lattice constant (a0=0.3147 nm). A revised FFT image using the ( 011 ) reflections of 
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NiAl and Mo shown in Fig. 4.6c revealed 0)1(1  interface plane between NiAl and 
Mo in Fig. 4.6d. The misfit δ  of the interplanar spacings dNiAl 0)1(1  and dMo 0)1(1  
(Fig. 4.6b) was compensated by regularly arranged misfit dislocations with a spacing 
D along the (110) interface (Fig. 4.6d).  The position of the misfit dislocation could be 
determined unambiguously. The misfit parameter δ  is given by: 
                    
2dd
dd
NiAlMo
NiAlMo
/)(
)(
+
−
=δ                                             (4.3) 
where d is the spacing of the 0)1(1  planes in Mo and NiAl, which are perpendicular 
to the (110) interface. The spacing of the misfit dislocations D is given by 
[Brooks1952]: 
δ
b
D =                                                           (4.4) 
where b is the Burgers vector of the misfit dislocation generated on the NiAl side and 
equal to nm204.0)011(dNiAl = . With a misfit δ =8.9%, the dislocation spacing D was 
found to be 2.29nm, corresponding to about 10 - 11 0)1(1  lattice spacings in NiAl, as 
shown Fig. 4.6d. Accordingly, the NiAl/Mo interface can be characterized as a semi-
coherent boundary with pronounced interface roughness. Although the interface was 
rough, it was clean, and no precipitates were detected. Such an interface has a 
relatively high interfacial shear strength and therefore, plays an important role for the 
load transfer from the matrix to the fiber. 
53 
 
 
  
Fig. 4.6: HRTEM image showing the (110) interface between Mo fiber and NiAl 
matrix. a) Original image of NiAl/Mo boundary, b) filtered image showing position of 
(110) interface (marked by black arrows); c) FFT image showing the orientation 
relationship between NiAl and Mo; d) revised FFT image of 0)1(1  reflections from 
Fig. 4.6a reveals misfit dislocations on the NiAl side with white dashed line showing 
the interface roughness. 
The microstructures of the DS rod solidified at R = 0.67mm/min prior to and after the 
annealing at 1100 °C for 500 hours are shown in Fig. 4.7. The measured fiber size α 
and spacing λ in both rods are listed in Table 4.1. Apparently, virtually no changes in α 
and λ occurred during long term annealing and also no compositional changes in fiber 
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and matrix could be detected. Hence, the Mo fibers exhibited excellent 
microstructural stability during the annealing. This is consistent with earlier 
investigations [Walter1973], which reported that Mo fibers did not coarsen at 1400 °C 
even during annealing for up to 330 hours. This excellent thermal stability of Mo 
fibers can be attributed to the relatively low solubility of Mo in NiAl (<0.1 at.% from 
EDX analysis) that makes Mo diffusion through NiAl difficult, and the uniform Mo 
fiber size that minimized the driving force for fiber coarsening.  
 
 
Fig. 4.7: BSEI/SEM micrographs of the microstructure on the longitudinal plane of 
NiAl-Mo DS rod without annealing (a) and subjected to annealing (b). 
 
Table 4.1: Cross section size α and spacing λ of Mo fibers in the DS rods before and 
after annealing (1100°C/500h in 10-2Pa). 
   α (µm)     λ(µm) 
Before annealing 0.67 ± 0.09 2.18 ± 0.21 
After annealing 0.69 ± 0.11 2.21 ± 0.18 
4.2.1 NiAl-28Cr-6Mo 
The typical microstructure of directionally solidified NiAl-28Cr-6Mo alloy is 
characterized by a lamellar eutectic arrangement as shown in Fig.4.8. The 
microstructure consists of two phases, the eutectic Cr (Mo) lamella (bright phase in 
the micrograph) and NiAl matrix (dark phase) respectively. Longitudinal section 
images (Fig. 4.8 a, c and e) indicate the variation of the microstructure with an 
increasing growth rate R, while micrographs of Fig.4.8 b, d and f display the 
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transversal sections of corresponding specimens. 
 
Fig.4.8: SEM micrographs showing longitudinal sections (a, c and e) and transversal 
sections (b, d and f) of directionally solidified NiAl-28Cr-6Mo with different growth 
rates (a and b=0.1mm/min, c and d=0.33mm/min, e and f=0.66mm/min) 
Similar to NiAl-9Mo (Fig. 4.1), the growth rate has a profound influence on the 
alignment of the lamella with the growth direction. Samples with a low growth rate 
(0.1mm/min) were characterized by a planar solidification front which yielded a 
microstructure with uniform eutectic spacing and straight Cr (Mo) lamella aligned 
parallel to the growth direction, as shown in Figs. 4.8 a and b. As the growth rate 
increased, the morphology changed from a well aligned microstructure to a cellular 
structure (Figs.4.8 c, d, e and f), with a coarser eutectic structure near the cell 
boundary and a fine lamella spacing in the center of the cell. The alignment was less 
perfect and became replaced by an irregular distribution of lamella with strong 
inclination to the growth direction. 
During DS of NiAl-28Cr-6Mo, growth defects formed, as indicated in Fig. 4.9, 
including cusps in the middle of the Cr (Mo) lamella (position A in Fig. 4.9a), 
irregular lamella embedded between two uniform lamellas (B in Fig. 4.9a), sudden 
termination of one lamella by formation of another lamella (C and D in Fig. 4.9a). A 
closer look in Fig.4.9 a shows fine island-like precipitations in both lamella and 
matrix, i.e. Cr (Mo) lamella and NiAl matrix precipitating mutually into each other 
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(Fig.4.9b).  
 
Fig. 4.9: SEM/BSEI images showing the growth faults in NiAl-28Cr-6Mo: (a) low 
magnification; (b) high magnification 
The well aligned Cr(Mo) lamella (R=0.1mm/min) with a composition of Cr-13.9Mo-
12.2Ni-13.4Al and a volume fraction of 42.3% were imbedded in the NiAl matrix 
(Ni-47.8Al-4.9Cr-0Mo). This well aligned longitudinal microstructure is shown in Fig. 
4.10a. The crystallographic relationship between NiAl matrix and Cr(Mo) lamella was 
identified by SEM/EBSD and TEM/SAD (Fig. 4.10 b-d). The <111> direction of both 
B2 NiAl and bcc Mo were found to be parallel to the growth direction (Figs. 4.10 b-d) 
with a {11 2 } interface plane between both phases [Cline 1970]. These results suggest 
a cube-on-cube orientation relationship between NiAl and Cr(Mo), as summarized in 
table 4.2. 
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Fig. 4.10: Microstructure and crystallographic analysis of DS NiAl-Cr(Mo) (R = 0.1 
mm/min). (a) SEM/BSEI micrograph of the microstructure on the longitudinal plane. 
(b)TEM/SAED pattern showing <111> growth direction and (c and d) SEM/EBSD 
pattern reveal a cube-on-cube orientation relationship between NiAl matrix and 
Mo(Cr) lamella. 
Table.4.2:  Crystallographic relation of NiAl matrix and Cr (Mo) lamella 
Growth direction Interface plane Orientation relationship 
<111>Cr (Mo)// <111>NiAl {11 2 } Cr (Mo)// {11 2 } NiAl {100} Cr (Mo)// {100} NiAl <100>Cr (Mo)// <100>NiAl 
 
Fig. 4.11 reflects the lamella interspacing (λ) in the DS NiAl-28Cr-6Mo, i.e. the 
distance between two parallel lamellae centers, and the width of the lamella (α), at 
various growth rates R from R=0.1 mm/min to R=3 mm/min. The volume fraction Vf 
of the lamellae was found independent of the growth rate, to remain constant at 42.3%. 
The measured λ and α values are plotted as function of R-1/2 in Fig. 4.11a. Similar to 
NiAl-9Mo, λ and α increase monotonically with decreasing growth rate (Fig. 4.11b). 
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The squares of λ and α obey the same reverse proportional relationship with R as 
defined by Eqs. 4.1 and 4.2. Accordingly, for DS NiAl-28Cr-6Mo, the constants of C1 
and C2 amounted to C1=λ2R = 1.45µm2·mm/min and C2 = α2R = 0.24µm2·mm/min. 
 
Fig. 4.11: Effect of growth rate R on Cr(Mo) lamella spacing λ and size α  in NiAl-Mo 
DS rods. (a) Dependency of α and λ on R−1/2; (b) SEM/BSEI micrographs show the 
corresponding microstructural variation. 
The as-produced microstructure of DS NiAl-28Cr-6Mo (R=0.1mm/min) was further 
investigated by TEM. Fig. 4.12 reveals dislocations emitted from the NiAl/Cr(Mo) 
interface into the NiAl phase. Among the matrix dislocations, a high density of 
Cr(Mo)-rich precipitates with size from 20nm to 40nm was found, arranged in bands 
of particle rows in the matrix (Fig. 4.12c), whereas NiAl dispersions can also be 
observed in the Cr (Mo) phase (Fig. 4.12b). These finely distributed precipitates 
showed a size of 10-20nm, piled-up as clusters in the lamella. Dislocations were 
hardly seen in the Cr (Mo) lamella (Fig. 4.12a).  
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Fig. 4.12: Bright field (BF) TEM image of DS NiAl-28Cr-6Mo (transversal section, 
R=0.33mm/min) showing a) dislocations in the NiAl matrix, b) NiAl precipitates in Cr 
(Mo) lamella and c) Cr(Mo) rich precipitates in NiAl.  
The interface structure in a NiAl-28Cr-6Mo composite was characterized by HRTEM 
(Fig. 4.13a). The fast-Fourier transform (FFT)-treated image of Fig. 4.13a shows a 
}2{11 interface between Cr(Mo) lamella and NiAl matrix (Fig. 4.13b). Similar to the 
NiAl/Mo boundary in NiAl-9Mo, the NiAl/Cr(Mo) interface shown in Fig 4.13 a and 
b was also clean and rough on an atomic scale. Taking αCr(Mo)=0.2948nm with 6 at.% 
Mo [Cline 1970], a mismatch degree δ (Eq. 4.3) of 1.98% was calculated by Eq. 4.3, 
indicating a semi-coherent boundary between Cr(Mo) lamella and NiAl matrix. 
 
Fig.4.13: HRTEM image showing the interface between Cr(Mo) and NiAl: a) 
Original image of NiAl/Cr(Mo) boundary, b) filtered image showing position of  
interface (marked by black arrows). 
Microstructural stability at elevated temperatures is essential for HT structural 
applications. The microstructure of the DS NiAl-28Cr-6Mo (R = 0.1 mm/min) prior to 
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and after the annealing at 1100 °C for 500 hours are shown in Fig. 4.14 and compared 
in table 4.3 and 4.4. There was no obvious change in lamellar width α and spacing λ 
(table 4.3) after 500h at 1100°C. However some coarse NiAl precipitates developed in 
the Cr lamella during heat treatment. Furthermore some Cr rich phase (table 4.4) 
formed at the matrix/lamella interface, as indicated by arrows in Fig. 4.14b. Given the 
fact that there is a depletion of Cr content in the matrix (table 4.4), these particles 
were considered to precipitate out from NiAl. They formed along the interface in 
order to minimize the nucleation energy. The growth of these precipitates consumed 
some part of the neighboring Cr lamella (Fig. 4.14b).  
 
Fig. 4.14:  BSEI/SEM micrographs of the microstructure on the longitudinal plane of 
NiAl-28Cr-6Mo DS rod (a) before annealing and (b) after annealing. 
 
Table 4.3: α and λ of Cr(Mo) lamella before and after annealing (1100°C/500h in 10-
2Pa). 
 a (µm) λ (µm) 
a) before 1.58 ± 0.05 3.83 ± 0.12 
b) after 1.56 ± 0.07 3.80 ± 0.15 
  
Table 4.3: Microchemistry (measured by EDX) in NiAl-28Cr-6Mo before and after 
annealing  
 
Al 
(at. %) 
Ni 
(at. %) 
Cr 
(at. %) 
Mo 
(at. %) 
Matrix (before) 47.8 47.3 4.9 - 
Matrix (after) 48.6 47.9 3.5 - 
Lamella (before) 13.4 12.2 60.5 13.9 
Cr precipitates (arrows in Fig. 4.14b) 1.6 4.5 82.3 11.6 
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Compared to NiAl-9Mo, the NiAl-28Cr-6Mo composite possesses a moderate 
structural stability which shows no coarsening of the major reinforcement but 
undergoes microchemistry changes, i.e. precipitation, to establish phase equilibrium 
(Fig. 3.4b). It is noted that unlike the NiAl-Mo system, NiAl and Cr have a certain 
amount of mutual solubility in each other (at the eutectic temperature 1445°C, 9at.% 
Cr in NiAl and 22at.% in Cr), which decreases with decreasing temperature. 
Therefore, after long term heat treatment precipitates form in the supersaturated solid 
solution.  
4.3 Discussion 
4.3.1 Influence of growth rate on the reinforcement alignment 
According to constitutional super cooling theory [Misra1998], the criterion for the 
formation of a planar solidification front and a perfect fiber alignment during the DS 
process can be expressed by: 
                                         
L
0E
D
)Cm(C
R
G −≥                                        (4.5) 
where m is the liquidus slope in the phase diagram for the hyper-eutectic system, CE 
the eutectic composition, C0 the composition of the off-eutectic alloy and DL the 
diffusion coefficient of the solute in the liquid.  Therefore, a decreasing growth rate R 
is beneficial for a well aligned fibrous microstructure. NiAl-9at.%Mo can be treated 
as a pseudo-binary eutectic between NiAl and Mo with an off-eutectic composition of 
about 0.5 at.% to the Mo side. Thus, if m = 11.2 K·(at.%)-1, CE = 9 at.%, C0 = 9.2 at.%, 
DL ≈ 10-3 mm2·s-1 [Cline1970], the required G/R for a planar solidification front is 
about 2.24×103 K·s·mm-2 or 37.3 K·min·mm-2, which is very close to 33.3 
K·min·mm-2 of the combination of G~11K/mm (table 3.3) and R=0.33mm/min in the 
current investigation. Therefore, at an optimum growth rate of 11K/mm (table 3.3) 
and an alloy composition of Ni-43.8Al-9.2Mo, the growth rate of 0.33mm/min causes 
the transition from a bending solidification front that engenders a cellular structure to 
a planar solidification front with well aligned Mo fiber reinforced NiAl, which can be 
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regarded as unidirectional fiber reinforced composites. Compared to the alloy 
investigated by Misra et al. [Misra 1998], which exhibited a cellular microstructure 
with irregularly aligned Mo fibers in the NiAl matrix, the processing condition, e.g. 
the temperature gradient in the Bridgman furnace was significantly improved (3K/mm 
[Misra 1998], 9~11K/mm in the current study). This led to a remarkably better Mo 
fiber alignment, and consequently brings about obviously improved mechanical 
properties at RT and HT for NiAl composites, which will be discussed in following 
chapters.  
4.3.2 Thermal residual stress calculation 
 
Fig. 4.15: Thermal residual stress distribution of the a) thermal radial stress σrr, b) 
axial stress σzz, c) hoop stress σθθ, and d) von Mises equivalent stress at room 
temperature. 
FEM computations of the TRS distribution in the NiAl-9Mo composite after cooling 
down from the stress free temperature of NiAl (Tsf = 850K) to room temperature were 
performed in terms of a 2D axisymmetric model [Chen 2006] introduced in Chapter 
2.1.1. The radial (σrr), axial (σzz), hoop (σθθ) and von Mises equivalent thermal 
residual stress (TRS) distributions at room temperature calculated by FEM 
(ABAQUS/CAE 6.10) are presented in Fig. 4.15. The calculated three principal 
stresses in the NiAl matrix on the interface were: σrr = -610 MPa, σzz = 290 MPa, σθθ= 
720 MPa, i.e. near the interface the NiAl matrix was exposed to a tensile stress of 290 
MPa along z direction, whereas the interface experienced a substantial radial 
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compressive stress of -610 MPa. This high compressive stress is in general beneficial 
for the mechanical properties of fiber reinforced composites, because it would supply 
sufficient interface shear stress at low temperatures, as suggested by Eq. 2.1, and 
prevent propagating cracks from deflecting along the interface (Chapter 2.2).  
The calculated thermal residual stress in the matrix at different temperatures during 
cooling from Tsf to low temperatures was converted to the resolved shear stress (τRSS) 
on the slip system {011}<100> of NiAl as illustrated in Fig. 4.16a. At different 
locations in the NiAl matrix ranging from the interface to the center of the NiAl 
matrix (Fig. 4.16b), when compared with the critical resolved shear stress (τCRSS) of 
NiAl for the slip system {011}<100>, which is typically in the range of 40～100 MPa 
at temperatures between RT and 1200K [Miracle 1993], the calculated  τRSS is 
sufficiently large to cause local yielding and plastic relaxation at most locations of the 
NiAl matrix (Fig. 4.16b), during cool down to low temperatures. This explains the 
origin of the high density of dislocations observed in the NiAl matrix (Figs. 4.5a and 
b). 
   
Fig. 4.16: Analysis of thermal residual stress in the NiAl matrix shows a)slip system 
in NiAl b) resolved shear stress compared to CRSS of NiAl {011} <001>. 
4.4 Summary 
This part of the research project investigated the microstructures of DS NiAl-9Mo in-
situ composites as well as DS NiAl-28Cr-6Mo composites. The influence of a 
a) b) 
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variation of DS processing parameters like growth rate R on the eutectic 
microstructure evolution was determined. The NiAl-refractory metal interfaces in 
these two in-situ composites were characterized by TEM and HRTEM. The 
microstructural stability of the NiAl composites was explored by a long term heat 
treatment at 1100°C for 500h. Based on the experimental observations and model 
calculations, the following conclusions were drawn. 
1.  The reinforcement alignment in NiAl in-situ composites was controlled by the 
ratio G/R of temperature gradient G and growth rate R during directional 
solidification. For a constant G around 11 K/mm, the Mo fibers in NiAl-9Mo 
tended to align parallel to the growth direction as R decreased to 0.33 mm/min, 
whereas the Cr(Mo) lamellae in NiAl-28Cr-6Mo became straight and parallel to 
the growth direction when R decreased to 0.1 mm/min. Furthermore, the growth 
rate R also determined the fiber/lamella size α and interspacing λ, i.e. the squares 
of α and λ increased inversely proportional with decreasing R. The volume 
fraction Vf did not vary with growth rate but remained constant at 14.1% for NiAl-
9Mo and 42.3% for NiAl-28Cr-6Mo, respectively. 
2.  The crystallographic orientation relationship between the NiAl and refractory 
metal phases was identified to be cube-on-cube, with a common <100> growth 
axis and {110} interfacial plane between NiAl and Mo in NiAl-9Mo and a <111> 
growth direction and {11 2 } interface of NiAl and Cr(Mo) in NiAl-28Cr-6Mo. 
3.  A semi-coherent interface was rationalized for the NiAl/Mo and NiAl/Cr(Mo) 
interfaces in DS NiAl in-situ composites. A periodic arrangements of misfit 
dislocations were observed with interspacing D ~2nm for NiAl-9Mo (δ =8.9%) 
and D ~20nm for NiAl-28Cr-6Mo ( δ =1.98%). The interfaces formed by a 
eutectic reaction at HT were rough on an atomic scale and without reaction 
products along the boundary, corresponding to the thermodynamic equilibrium of 
NiAl eutectics. Together with the radial compressive TRS on the interface, such 
interface has relatively high interfacial shear strength and therefore, plays a 
beneficial role for the load transfer. 
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4.  After 500h annealing at 1100°C, the two NiAl in-situ composites demonstrated 
excellent microstructural stability without any detectable coarsening of the major 
reinforcements, i.e. Mo fiber or Cr(Mo) lamella. In NiAl-9Mo, no microchemistry 
change in the two constituent phases was observed; whereas in the NiAl-28Cr-
6Mo, particles precipitated in the Cr(Mo) phase and along the matrix/lamella 
interface.   
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Chapter 5  
High Temperature Strength of NiAl-9Mo 
5.1 Tensile properties of NiAl-9Mo at HT 
5.1.1 Introduction 
The combination of a unidirectional fibrous phase and a metallic matrix results in a 
composite material with remarkably improved mechanical properties. When 
considering the uniaxial properties, like tensile strength, it should be reckoned that in 
a unidirectional composite strength is a highly anisotropic property, which is 
classified as orthotropic [Campbell2010]. Orthotropic materials have properties that 
are different in three mutually perpendicular directions in which a load applied 
parallel to these axes produces only normal strains. However, loads that are not 
applied parallel to these axes produce both normal and shear strains. Therefore, 
orthotropic mechanical properties are a function of orientation. For a prediction of the 
tensile strength of the fiber reinforced composite, an understanding of the failure 
mechanisms and corresponding failure criteria are essential.  
The uniaxial strength of fiber reinforced metal-matrix composites (MMCs) is 
inherently dependent on several factors such as the strength of the reinforcement, the 
interfacial strength, as well as the volume fraction, size, and the distribution of the 
reinforcement. For in-situ composites like NiAl-(Cr,Mo) eutectics, the volume 
fraction of reinforcement leaves little room for modification. However, producing the 
composites by directional solidification offers the opportunity to effectively control 
the size (Eqs.4.1 and 4.2) and alignment (Eq. 4.5) of the reinforcement by varying the 
processing parameters like growth rate R and temperature gradient G. Many 
researchers [Joslin1995, Johnson 1995 and Whittenberger 1999] found that the HT 
strength of NiAl-base eutectics is extremely sensitive to the DS processing conditions 
and the microstructure. Yang et al. [Yang 1997] reported a tensile strength between 
300-350 MPa at 1000 ºC in DS NiAl-Cr and NiAl-Cr(Mo) eutectic composites. Bei et 
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al. [Bei 2005] showed that at 1000 ºC a pronounced ultimate tensile strength of 
~260MPa can be achieved in carefully grown NiAl-9Mo eutectics. 
In the current investigation, the tensile properties of DS NiAl-9Mo composites with 
variations of fiber orientation and alignment produced by different growth rates R 
were systematically characterized. The failure mechanisms in NiAl-9Mo composites, 
dependent on fiber alignment, were identified, and the corresponding failure criteria 
for NiAl-9Mo composites were established, describing the anisotropy of tensile 
strength of DS NiAl-9Mo. 
5.1.2 Results 
5.1.2.1 Dynamic tensile properties and failure modes 
The tensile response in constant strain rate tests of as-produced NiAl-Mo composites 
is displayed in Fig. 5.1.1a for tests at 700°C and in Fig. 5.1.1b for tests at 1100°C. The 
measured yield strength (σ0.2) and ultimate tensile strength (σUTS) as well as the 
uniform strain, i.e. the plastic elongation at peak stress (εel) are listed in Table 5.1.1. 
At 700°C (Fig. 5.1.1a), the as-cast samples showed a low strength and poor ductility. 
By contrast, the DS rods exhibited a remarkably increased strength and improved 
ductility, with σUTS and εel increasing by about a factor of 3~4 and 2~3, respectively, 
compared to as-cast samples. Moreover, the strength of the DS rod with R = 0.33 
mm/min was higher by about 15% than that of the DS rod with R = 0.67 mm/min but 
at the expense of a slightly decreased εel. Apparently, this dependency of the 
mechanical properties of DS rods on the growth rate can be attributed to the degree of 
Mo fiber alignment in the DS rods, as indicated in Fig. 4.1. When the test temperature 
increased to 1100 °C (Fig. 5.1.1 b) the ductility of the DS rods did not change 
substantially, but the strength decreased by about 50% to 60%. However, the 
beneficial effect of Mo fiber alignment on mechanical properties was still maintained, 
even though a decreased growth rate led to a coarser fiber at constant volume fraction 
of the Mo phase (Fig. 4.4). These results demonstrate that among the microstructural 
parameters like fiber alignment, fiber size α and spacing λ, the fiber alignment plays a 
dominant role for the tensile strength of DS NiAl-Mo composites.  
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Fig. 5.1.1: True stress-strain curves of NiAl-9at.%Mo rods subjected to different 
processes. (a) at 700 °C and (b) at 1100 °C. 
Table 5.1.1:  Mechanical properties of NiAl-9Mo composite 
Alloys 
700°C 1100°C 
σ0.2 
(MPa) 
σUTS  
(MPa) 
εel 
  
(%)
 
 
σ0.2  
(MPa) 
σUTS 
(MPa) 
εel 
(%) 
as-cast [this study] 273 314 0.9% 68 78 5.8% 
DS [this study] 811 931 2.6% 344 402 1.8% 
cast, HIPed [Ren 2003] 210a 235a 1%a N.R. N.R. N.R. 
DS [Bei 2005] 380 580 25%b 210c 260c 28%b,c 
N.R. not reported.  a measured at 750°C.  b total elongation to fracture.  c measured at 
1000°C 
The fracture surface of the specimens after tensile tests at 700 °C was studied by SEM 
(Fig. 5.1.2). It is seen that the major fracture mode changed with improving Mo fiber 
alignment. In as-cast composites the mean inclination angle of the Mo fibers to the 
growth direction/tensile direction was around 45° and thus, fracture was characterized 
by extensive transversal interface debonding of NiAl matrix and Mo fibers (Fig.5.1.2a 
and b), which can be understood as transverse fracture (Mode C in Fig. 2.4). When 
the growth rate dropped to 0.67 mm/min and the mean inclination angle decreased to 
10°-12° the composites tended to fail by interfacial debonding in shear mode with a 
stepped fracture surface owing to local plastic deformation of the Mo fibers at the 
fracture location (Fig 5.1.2c and d). This fracture mode was characterized as shear 
fracture (Mode B in Fig. 2.4). When the Mo fibers were aligned essentially parallel to 
the growth and tensile direction, (e.g. at a growth rate of R=0.33mm/min, the mean 
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inclination angle was 2-6°), the composites fractured mainly by tensile failure of the 
Mo fibers after necking (Fig. 5.1.2e and f), corresponding to longitudinal fracture 
(Mode A in Fig. 2.4). This yielded the highest tensile strength observed in the current 
study. In essence, the orientation of Mo fibers controlled the fracture mode and 
therefore, exerted a pronounced influence on the tensile strength of the composites.  
 
Fig. 5.1.2: Comparison of fracture surfaces at 700 °C; (a), (c) and (e) fracture 
surfaces of the tensile specimens; (b), (d) and (f) illustration of fiber orientations with 
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respect to the tensile direction, which is denoted by arrows; (a) and (b) tensile 
specimen in as-cast state; (c) and (d) DS tensile specimens with a growth rate of 0.67 
mm/min; (e) and (f) the DS tensile specimens with a growth rate of 0.33 mm/min. 
 
5.1.2.2 Transversal fractography and load transfer at interface 
Fig. 5.1.3 shows the microstructures just at and away from the necking region on the 
transversal plane of the DS rods solidified at R=0.33 mm/min after tensile tests at 
700 °C (Figs. 5.1.3a and b) and at 1100 °C (Figs. 5.1.3c and d), respectively. The fact 
that at 700°C cracks mainly appeared in the Mo fibers rather than in the NiAl matrix 
(Figs. 5.1.3a and b) indicated a better ductility of NiAl than Mo at this temperature. At 
1100 °C many cracks or voids formed in the NiAl matrix (Figs. 5.1.3c and d) 
suggesting a remarkable degradation of the NiAl strength and an increased ductility of 
the Mo fibers at that temperature. The Mo fibers fragmented intensively in the 
necking region and triggered the complete failure of the tensile specimens. However, 
even at locations where Mo fibers fragmented severely, no interface debonding was 
observed in the necking regions of the specimens deformed at 700 °C and 1100 °C. 
This proved a substantially high interfacial shear strength at elevated temperatures. 
The mean fragmentation length of Mo fibers in the necking region was determined to 
be about 3 µm for the specimens tested at 700 °C and about 4-5 µm at 1100 °C. The 
measured mean fragmentation length is considered to be of the same order as the 
critical length lc (Eq. 2.10) of Mo fibers, since for shorter fibers than lc the load would 
no longer be effectively transferred from the matrix to the fibers and consequently, the 
composite would have failed. 
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Fig. 5.1.3:  SEM fractography of DS NiAl-Mo tensile specimens on the transversal 
plane (a and c) away from the necking region; (b and d) in the necking region (a and 
b) at 700 °C; (c and d) at 1100 °C. 
 
5.1.3 Discussion 
5.1.3.1 Tensile strength dependence on fiber misorientation  
When considering the tensile response of NiAl-9Mo composites tested in the current 
study (as-cast, DS R=0.67mm/min and DS R=0.33mm/min), it should be recognized 
that there are three individual modes of failure: longitudinal fracture (Mode A, Eq. 
2.12) for as-cast tensile specimens (Fig. 5.1.2 a and b); shear fracture (Mode B, Eq. 
2.13) for DS R=0.67mm/min tensile specimens (Fig. 5.1.2 c and d); transverse 
fracture (Mode C, Eq. 2.14) for DS R=0.33mm/min tensile specimens (Fig. 5.1.2 e 
and f). For total failure of the composite to occur, the applied stress σApp must be 
increased until one of these three criteria is reached. Considering each of the three 
tested NiAl-9Mo specimens each representing a particular case of the three failure 
modes, the failure criterions of NiAl-9Mo were established according to Eqs. 2.12, 
2.13 and 2.14, based on the measured σUTS at 700°C of the composites with different 
fiber misorientation angles to the growth direction/tensile direction (~45° for as-cast, 
10°-12° for DS R=0.67mm/min and 2-6° for DS R=0.33mm/min). The relation 
between tensile stress σApp (in MPa) vs. orientation angle of fiber θ (in degree) is 
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illustrated in Fig. 5.1.4. At a certain inclination angle, the applied tensile stress σApp on 
NiAl-9Mo is determined by the lowest one of the three curves, corresponding to the 
individual failure criterion. In the NiAl-9Mo composite, as the misorientation angle θ 
of Mo fiber increased, the controlling failure mechanism varied from failure by fiber 
breaking (longitudinal fracture, Mode A) in DS R=0.33mm/min NiAl-9Mo to shear 
failure of the matrix and interface (shear fracture, Mode B) in DS R=0.67mm/min 
NiAl-9Mo and eventually to failure by tensile fracture of matrix and interface 
(transverse fracture, Mode C) in as-cast NiAl-9Mo. Correspondingly, the failure 
criteria were determined for various misorientation angle θ of Mo fibers, as listed in 
Table 5.1.2. 
 
Fig. 5.1.4: Tensile strength of NiAl-9Mo composites at 700°C dependent on 
misorientation angle θ of the Mo fibers with respect to the growth/tensile direction, 
showing the domains of controlling failure mechanisms: 0-10° longitudinal fracture, 
Mode A; 10-43° shear fracture, Mode B; beyond 43° transverse fracture, Mode C. 
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Table 5.1.2: Failure mechanisms and criterion determining the tensile strength σApp of 
NiAl-9Mo composites at 700°C dependent on misorientation angle θ of Mo fiber  
Misorientation 
angle, θ Controlling failure mechanisms Failure criterion,  σApp ( MPa) 
0-10° failure by Mo fiber break             (longitudinal fracture, Mode A) θ
σ 2
917
cos
APP ≤ ,                
with X=917 MPa in Eq. 2.12 
10-43° shear failure of matrix and interface (shear fracture, Mode B) θ
σ
2
834
sinAPP
×≤ ,               
with Z=83 MPa in Eq. 2.13 
>43° tensile fracture of matrix and interface (transverse fracture, Mode C) θ
σ 2
157
sinAPP
≤ ,                 
with Y=157 MPa in Eq. 2.14 
 
5.1.3.2 Interfacial shear strength at HT  
The interface shear strength between NiAl matrix and Mo fibers plays an essential 
role for the load transfer from the matrix to the fiber that eventually determines the 
strength and ductility of DS NiAl-Mo composites at elevated temperatures. Since the 
interface shear strength between Mo fibers and NiAl matrix in the current study is 
difficult to measure, it will be estimated here for a growth rate of R=0.33 mm/min 
where the Mo fibers are arranged virtually parallel to the growth and tensile direction. 
In this case the interface shear stress τi can be described by the shear lag model 
according to Cox, Kelly and Drzal et al. [Cox1952, Kelly1965, Drzal1983]: 
                                             
c
f
i l
d
2
σ
τ =                                                          (5.1.1) 
where σf  is the tensile fracture strength of the Mo fiber. It can be derived from the 
measured tensile fracture strength of DS NiAl-9Mo by fmmcf V/)Vσ-σ(σ =  as long 
as a linear rule of mixture (ROM) holds [Hull1981]. The fiber mean diameter d is the 
fiber size α in the current study (Fig. 4.4). The critical length lc of the fragmented Mo 
fibers is the minimum fiber length required to bear the load. Vm and Vf are the volume 
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fractions of matrix and fibers, respectively, σc and σm represent the fracture strength 
of composite and matrix. For σc = 931 MPa at 700 °C and 402 MPa at 1100 °C (see 
Table 5.1.1), σm is about 150 MPa at 700 °C and 70 MPa at 1100 °C for NiAl loaded 
along the <001> direction [Noebe1993]. Vm and Vf are 85.9% and 14.1% for NiAl 
matrix and Mo fibers, respectively. The fracture strength σf of the Mo fiber parallel to 
the <001> direction is 5.73 GPa at 700 °C and 2.44 GPa at 1100 °C. Taking a Mo 
fiber size α = 1.05 µm (see Fig. 4.4a) and lc ≥ 3µm (see Fig. 5.1.3) the calculated 
interface shear strength for NiAl-9Mo composite rods is larger than 1000 MPa at 
700 °C and larger than 430 MPa at 1100 °C, respectively. These values are 
remarkably higher than those (τi ≈ 250 MPa at room temperature) measured in NiAl 
composites reinforced by single crystalline Al2O3 fibers by fiber push-out tests 
[Hu2006]. Such high interface shear strength between NiAl and Mo is attributed to 
the rough interface structure (see Fig. 4.6) with a tight contact between Mo phase and 
NiAl phase without reaction interlayer, which caused strong mechanical interlocking 
between fiber and matrix, and thus, an efficient load transfer from the weak NiAl 
matrix to the strong Mo fibers during tensile testing. This led to the relatively high 
tensile strength of DS NiAl-Mo composites at elevated temperatures. 
5.1.4 Summary 
In this study the tensile behavior of DS NiAl-9Mo in-situ composites was investigated 
at elevated temperatures i.e. 700°C and 1100 °C. The fracture surface of the tested 
composites was examined by SEM observations on both longitudinal and transversal 
planes. The influence of Mo fiber misorientation angle θ on the tensile strength and 
fracture modes of NiAl-9Mo was quantitatively characterized. The interfacial shear 
strength τi at HT was evaluated by fractography and shear lag model calculations. 
Based on the experimental findings and calculations, the following conclusions were 
drawn: 
1. The tensile strength and fracture modes of NiAl-9Mo composites at elevated 
temperatures are strongly affected by the Mo fiber alignment. As the 
misorientation angle θ of Mo fiber decrease from 45° to 2-6°, the strength 
75 
 
monotonically increased to a maximum, and the controlling failure mechanism 
varied from originally transverse fracture by interface debonding in as-cast NiAl-
9Mo to shear fracture through interface and matrix in DS R=0.67mm/min NiAl-
9Mo and eventually to longitudinal fracture by fiber fracture in DS 
R=0.33mm/min NiAl-9Mo.  
2. The high tensile strength at elevated temperatures can be attributed to the 
relatively large interface shear strength between NiAl and Mo fibers (τi ≥1000 
MPa at 700 °C, τi ≥430 MPa at 1100 °C) that provided an efficient load transfer 
from the matrix to the reinforcement and thus accomplished an effective load 
bearing of the Mo fibers. 
 
5.2 Creep behavior of NiAl-9Mo at HT 
5.2.1 Introduction 
Creep properties are an important factor in controlling the serving lifetime of 
structural materials at HT. In order to improve the creep resistance of NiAl, various 
reinforcements were introduced into the NiAl matrix, including single crystalline 
Saphikon fibers [Bowman1995, Hu1996], refractory metals like Cr and Mo 
[Darolia1991, Johnson1995, Joslin1995, Bei2005] and refractory metallic phases with 
Laves phase like NiAlTa and NiAlNb [Polvani1976, Sauthoff1991, Sauthoff1993]. 
The creep behavior of these composites is dependent on the volume fraction, 
morphology and creep properties of each component and more importantly the 
interfacial interactions among the constituent phases. It has been known for long 
[Kelly1966, Silva1968, and Doruk1975] that the composite performance is mostly 
controlled by phenomena taking place at or close to interfaces separating the 
composite constituents. In particular, the matrix-reinforcement interactions determine 
crucial mechanical events in composites, e.g. load partition, strain compatibility 
between constituents, crack initiation and fragmentation of reinforcements. 
The creep strength, i.e. stress required to cause a specified minimum creep,  of NiAl-
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based eutectic composites was compared with that of binary single crystalline NiAl in 
terms of stress required to produce a creep rate of  10-6 s-1 at 1300K (Fig. 3.4a) by 
Johnson et al. [Johnson1995]. Their investigation was performed with compression 
tests. Joslin et al. reported a steady creep rate of 10-6s-1 at 1300K under a compressive 
stress of 80MPa measured on DS NiAl-9Mo. Binary NiAl had the same creep rate at 
the same temperature at only a stress of 20MPa. The microstructure of the 
investigated composites consisted mainly of cellular structures with irregularly 
aligned Mo fibers. Dudová et al. [Dudová2011] also reported an extremely high 
compressive creep resistance of this material with a steady creep rate of 3×10-6s-1 at 
900 °C for 200 MPa. It was shown recently, that micro-to nano-scale sized 
reinforcement phases in in-situ composites such as NiAl-Mo, exhibit a strength close 
to the theoretical strength [Bei2007, Johanns2012]. Since the reinforcement phase in 
composite materials usually takes over the load from the soft matrix, the results 
suggest that these reinforcements could dramatically improve the composite load 
bearing capacity at HT.  
Despite of this significant progress, the reported creep investigations on NiAl-9Mo 
with well aligned fibers, especially the tensile creep behavior at HT (>1000°C), are 
still rare although such data are of vital importance not only for engineering design 
purposes but also in an academic sense for understanding the mechanisms and physics 
of the creep behavior to allow quantitative predictions of in-service material 
performance in the composite. Therefore, the purpose of the current study was to 
explore the creep behavior of unidirectional Mo fiber reinforced NiAl composites and 
to analyze the individual contributions of Mo fiber and NiAl matrix to the composite 
creep behavior, under the consideration of a strong interface. 
5.2.2 Results 
5.2.2.1 Creep behavior of NiAl-9Mo 
Fig. 5.2.1 a-d show the measured creep curves of DS NiAl-9Mo composites, i.e. the 
true strain ε vs. the time t at different temperatures from 900 °C to 1200 °C 
(0.41~0.47 Tm of Mo, 0.61~0.72 Tm of NiAl, 0.63~0.73 Tm of the alloy) under initial 
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tensile stresses of 80MPa ≤ σ ≤ 220MPa (σ/Ecomposite=5×10-4~1×10-3, see Table1). 
None of the creep tests lasted longer than 48 hours. For some samples, this led to a 
termination of the creep test prior to creep fracture, particularly at low temperatures 
and low stress levels, e.g. at 900 °C under an initial tensile stress of 150 MPa or 170 
MPa and at 1000 °C under the initial tensile stresses of 80 MPa and 100 MPa, where 
the creep tests were terminated during the steady state creep stage (Figs. 5.2.1a and 
5.2.1b). All complete tests revealed typical 3-stage creep (ε-t) curves, comprising 
primary, stationary and tertiary creep. Plots of the true creep rate vs. true strain ( ε& -ε) 
curves for 150 MPa at 1000°C-1200°C render the creep kinetics of the NiAl-9Mo 
composites (Fig. 5.2.1e). During primary creep, the creep rate dropped by orders of 
magnitude immediately after loading and reached a sharp minimum creep rate at 0.1% 
≤ ε ≤ 0.4%, depending on testing temperature. Afterwards, the creep rate started to 
increase until fracture of the sample. The minimum creep rate will be associated with 
the steady state creep rate in the following. It was determined by linear fitting the ε-t 
curves (Figs.5.2.1a-d) over the stationary regime. According to the Mukherjee-Bird-
Dorn Equation [Mukherjee1964], the stationary creep rate ε&  and the applied tensile 
stress σ are related by:              
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where A is a material constant, E is the elastic modulus of NiAl-9Mo, (obtained by the 
rule-of-mixture [Chawla1993]) with ENiAl(GPa)=204.9-0.041×(T(°C) + 273) 
[Noebe1993] and a matrix volume fraction VNiAl=85.9% as well as EMo=312 - 0.0418 
× T(°C) [Farraro1977] and a fiber volume fraction VMo=14.1%. The calculated values 
of Ecomp at different temperatures are listed in Table 5.2.1. Moreover, b is the Burger’s 
vector of NiAl, T the temperature in Kelvin, D0 the pre-exponential factor for self-
diffusion of Ni in NiAl, Qc the creep activation energy of NiAl-9Mo, n the stress 
exponent, and σ the applied tensile stress. Because of the small creep strain ε, the 
initial tensile stress was also assumed for the steady state regime. The parameters n 
and Qc of NiAl-9Mo for creep at different temperatures and tensile stresses were 
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quantitatively evaluated by calculating the slopes of 
E
σln- εln & and 
RT
1
-
E
Tεln 




 &
 plots 
from the curves shown in Figs. 5.2.1 a-d. Accordingly, stress exponents of n = 3.5 ~ 5 
(Fig. 5.2.1f) and a creep activation energy of Qc = 291±19 kJ/mol (Fig. 5.2.1g) were 
obtained for the creep deformation in the investigated stress and temperature range. 
The constant A in Eq. 5.2.1 was calculated from the intercept of the fitted lines in Fig. 
5.2.1g. The thus determined values of n, Qc and A are listed in Table 5.2.2.  
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Fig. 5.2.1: (a-d) True creep strain ε vs. time t for DS NiAl-9Mo at (a) 900°C, 
(b)1000°C, (c)1100°C and (d)1200°C under various initial stresses ranging from 80 
to 220 MPa. (e) True creep rate vs. true strain curves at 150 MPa and 1000°C-
1200°C; (f) steady creep rate vs. normalized stress. (g) Temperature dependence of 
the steady creep rate of DS NiAl-9Mo.  
Table 5.2.1: Elastic modulus E of NiAl, Mo and NiAl-9Mo at different temperatures 
T (°C) 900 1000 1100 1200 
ENiAl(GPa) 157 153 149 145 
EMo(GPa) 274 270 266 262 
Ecomp(GPa) 173 169 165 161 
Table 5.2.2: Characteristic parameters in Eq. 5.2.1 for NiAl-9Mo (σ/Ecomp = 4.85×10-
4 
- 1.03×10-3) determined from tensile creep tests  
Temperature n Qc [KJ/mol] A 
1173 K 4.95 
291±19 
12.44 
1273 K 4.33 1.65 
1373 K 3.90 0.88 
1473 K 3.54 0.91 
In Fig. 5.2.2, the creep resistance of the DS NiAl-9Mo composites measured at 1273 
K was compared with the creep strength of both single- and polycrystalline NiAl at 
1300 K [Noebe1993] and irregularly aligned NiAl-9Mo at 1223 K [Ren2004]. Both 
the results of the current study and the work by Dudová et al. [Dudová2011] prove 
that the creep resistance of NiAl-9Mo composites is significantly improved by 
introducing well aligned Mo fibers through properly controlled DS processing. It 
approaches the values of single crystalline Ni-base superalloy NASAIR 100 
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[Nathal1985] (Fig. 5.2.2). 
 
Fig. 5.2.2: Comparison of creep strength of well aligned DS NiAl-9Mo of the current 
study with binary NiAl [Noebe1993], non-aligned NiAl-9Mo [Ren2004], aligned 
NiAl-9Mo (compression) [Dudová2011] and a superalloy [Nathal1985] at high 
temperatures. 
5.2.2.2 Deformed microstructure  
Transversal fractography 
All tensile-creep tested DS NiAl-9Mo specimens showed necking after failure. Fig. 
5.2.3 reveals the surface just in and away from the necking region on the transversal 
plane after tensile creep at 1100 °C. The fractograph away from the necking region 
(Fig. 5.2.3a) was considered to represent the microstructure of the specimen at the end 
of steady state, i.e. the beginning of stage Ⅲ  of the creep curve, whereas the 
fractograph in the necking region (Fig. 5.2.3b) revealed the actual microstructure of 
the specimen at the end of stage Ⅲ just before fracture.  
In the region away from the neck, voids formed in the NiAl matrix between two 
neighbouring Mo fibers, indicating the occurrence of matrix damage, whereas the Mo 
fibers were still intact (Fig. 5.2.3a). Moreover, no interface debonding and sliding was 
observed (Fig, 5.2.3a), similar to results of our previous investigation on DS NiAl-
9Mo after dynamic tensile tests at HT (Fig. 5.1.3). This indicates strong bonding 
81 
 
between NiAl and Mo at elevated temperatures. The interfacial shear strength at 
elevated temperatures in NiAl-9Mo composites was quantitatively determined as τ ≈ 
1000 MPa at 700 °C and τ ≈ 430 MPa at 1100 °C (Chapter 5.3.2). This strong 
interface bonding is attributed to the rough and clean semi-coherent interface between 
NiAl and Mo (Fig. 4.6), which rendered an effective load transfer from the matrix to 
the fibers. As the formation of matrix voids aggravated during creep, some sections of 
the Mo fibers were surrounded by matrix voids (Fig. 5.2.3a) that reduced the effective 
local cross–section in the matrix and caused a stress concentration on the fibers near 
to the voids. Therefore, plastic deformation of the quasi-rigid Mo fibers concentrated 
here locally, leading to necking of the fiber and eventually to fiber fragmentation, 
which triggered creep fracture. As fragmentation of the fibers progressed during stage 
Ⅲ (Fig. 5.2.3b), the average length of the Mo fibers eventually became shorter than 
the critical length lc for effective load transfer [Kim1993] and caused the complete 
failure of the composite.     
 
Fig. 5.2.3: SEM fractography of the longitudinal plane of DS NiAl-9Mo specimens 
crept at 1100 °C, a) far from the necking region, b) in the necking region.  
Dislocation structure after deformation at HT 
The deformed microstructure in the NiAl matrix after compressive creep to ε = 0.3% 
at σ = 150MPa and T = 1100°C, which approximately corresponds to the end of 
steady sate creep at the minimum creep rate (Fig. 5.2.1e), is displayed in Fig. 5.2.4. 
The dislocation distribution seems to be extremely inhomogeneous in the NiAl matrix. 
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The Mo fibers were surrounded by a work hardened zone (WHZ) in the matrix with a 
relatively high dislocation density (~2.5×1015m-2) (Fig. 5.2.4a). Moreover, the quasi-
single crystalline NiAl matrix was subdivided by subgrain boundaries (Fig. 5.2.4b), 
indicating strong recovery in the matrix, apparently by dislocation climb 
[Sauthoff1995]. In the Mo fibers only few dislocations could be observed (Fig. 5.2.4c), 
but a large amount of fine particles with a size below 10 nm was homogeneously 
distributed in the Mo fibers. In view of the fact that there were only few dislocations 
in the Mo fibers, the Mo fibers could be considered as a quasi-rigid phase in the 
composite in contrast to the plastically soft NiAl matrix. 
 
Fig. 5.2.4: Microstructure of NiAl-9Mo composite obtained after creep under 
150MPa compressive stress at 1100°C to ε=0.3%. a) Inhomogeneous distribution of 
dislocations in the NiAl matrix with formation of a WHZ adjacent to the NiAl/Mo 
interface; b) subgrain boundaries subdivided the single crystalline NiAl matrix; c) 
only few dislocations but many fine NiAl precipitates could be observed in the Mo 
fibers. 
Microchemistry of Mo fibers after creep  
STEM analysis was conducted to determine the nature of the fine dispersoids formed 
in the Mo fibers during creep (Fig. 5.2.4c). An HAADF image (Fig. 5.2.5a) revealed 
the morphology of the dispersoids in the Mo fibers. They had a spherical or 
ellipsoidal shape with an average size of about 9.6 nm. EDX spectroscopy determined 
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the composition of the dispersoids in the Mo fiber (Fig. 5.2.5b). The low Ni/Al 
content (around 2 at.%) measured in the Mo fiber (right figure of Fig. 5.2.5b) is likely 
due to the influence of Ni/Al rich particles surrounding the measured Mo volume. In 
view of the fact that at room temperature the solubility of both Ni and Al in Mo are 
close to zero [Singleton 1990], it can be concluded that the dispersoids seen in Fig. 
5.2.5a are in fact Ni/Al rich precipitates. When regarded as stoichiometric binary NiAl, 
a volume fraction of about 4% is estimated for these precipitates which serve to 
reinforce the Mo fibers by precipitation strengthening. According to the observed 
dislocation loops and bows in Mo fibers, as indicated by the arrows in Fig. 5.2.5c, the 
interaction between dislocations and precipitates can be attributed to Orowan 
mechanism, which can be quantitatively evaluated. 
 
Fig. 5.2.5:  (a) STEM-HAADF image showing the morphology of NiAl-rich 
precipitates in the Mo phase. (b) EDX spectroscopy shows the compositions of the fine 
particles (left figure) and Mo fiber matrix (right figure) in Fig. 5.2.5(a). (c) Bright 
field TEM image showing dislocation loops at fine NiAl precipitates, as indicated by 
84 
 
arrows.  
5.2.3 Discussion 
5.2.3.1 Quasi-rigid behavior of Mo fibers  
During creep deformation the Mo fibers, as a quasi-rigid reinforcing phase, carried the 
majority of the external stress and thus, strongly reduced the stress in the NiAl matrix. 
This reduced the creep rate in the NiAl matrix and thus, of the whole composite. That 
the creep rate was controlled by the NiAl matrix was supported by the measured stress 
exponent of n=3.5-5 and a creep activation energy of Qc=291±19 kJ/mol for NiAl-
9Mo composites, consistent with n≈5 and Qc = 300 kJ/mol for binary NiAl. However, 
the composites crept at a steady state rate of ε& =10-8s-1 at 1273K under 150MPa, 
whereas the same strain rate was obtained in binary NiAl at 1300K for an applied 
stress of only 8 MPa [Noebe1993]. In essence, NiAl-9Mo underwent power-law creep, 
the kinetics of which was controlled by dislocation climb in the NiAl matrix. In the 
following, a quantitative evaluation of Mo fiber strengthening will be carried out in 
order to provide a better understanding of its role during creep of the composite.  
5.2.3.2 Dispersion strengthening of Mo fibers 
As evidenced by the dislocation loops in Fig. 5.2.5c, the interaction between NiAl 
precipitates and dislocations occurred mainly via the Orowan mechanism. For a 
particle spacing s, the Orowan stress reads [Gottstein2004]: 
                                                    
s
Gb
OR =∆τ                                                   (5.2.2) 
where G is the shear modulus and b the Burgers vector. The average particle spacing 
can be expressed by f
r
s = , where r is the average particle radius and f the particle 
volume fraction. Accordingly, Eq. 5.2.2 can be rewritten as: 
   
r
fGb
OR =∆τ                                             (5.2.3) 
For GMo(1000°C)= 104.7GPa [Farraro1977], bMo=1/2<111>αMo=0.27nm, f = 4% and r 
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= 9.6 nm, for the NiAl precipitates ORτ∆ =0.59GPa. Given a Schmid-factor m=0.405, 
for a <100> tensile direction and a {110} >< 111  slip system, the corresponding 
tensile stress amounts to ORσ∆ = mOR /τ∆ =1.45GPa. Compared to the yield strength 
of pure Mo at 1000°C, σy = 70MPa for polycrystals and σy = 30MPa for near <001> 
oriented single crystals [Hiraoka1985], the contribution of precipitation strengthening 
to the Mo fiber strength is significant. 
5.2.3.3 Effect of strong Mo fiber on composite creep 
The phenomenological creep model of Kelly and Street [Kelly1972] has been widely 
used to describe the steady state creep behavior of fiber reinforced MMCs and will be 
applied in the following to the investigated material. The aspect ratio l/d of the Mo 
fibers, defined as the ratio of fiber length and fiber size, was found to be around 200 
(with l =200µm and d =1µm, Figs. 4.1 and 4.4). The fiber volume fraction (Vf) 
amounted to 14% in the current study. Both fiber and matrix were considered to 
undergo power law creep, then according to Eq. 5.2.1, for a constant temperature: 
                               
α
m
0
mm σAε =&                                                   (5.2.4) 
                               
β
f
0
ff σAε =&                                                   (5.2.5) 
with ε&  and σ  the creep rate (in s-1) and creep stress (in MPa), respectively. The 
subscripts m and f denote matrix and fiber. α and β are the respective stress exponents 
of matrix and fiber; A0 is a material constant. For the NiAl[001] matrix, α=5.6 and 
0
mA =1.15×10
-13
 were adopted [Noebe1993]. Since the measured stress exponent of 
NiAl-9Mo is n=4.3 at 1273K, for simplicity, it is assumed that α≈β≈n≈5. With strain 
compatibility across the interface between quasi-rigid fiber and plastic matrix, 
according to the rule-of-mixtures, the stress σc in the composite reinforced by 
unidirectional fibers reads: 
                          )V(1σVσσ fmffc −+=                                      (5.2.6) 
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Combining Eqs. 5.2.4-5.2.6 allows to plot εlog &  vs. σ (Fig. 5.2.6). The thin solid line 
on the far left represents single crystalline NiAl[100]. The creep strength of 
polycrystalline pure Mo [Carvalhinhos1967] is given by the thin solid line on the right. 
The experimental results of DS NiAl-9Mo composites in the present study are 
indicated by a bold solid line. It can be seen that the creep strength of the composite 
exceeds both the creep resistance of pure Mo and single crystalline NiAl.  
For composites with a plastically deforming matrix, but rigid fibers and  high 
interfacial shear strength, the strain of the plastic matrix is constrained in the vicinity 
of the interface, owing to the strong bonding between rigid reinforcement and matrix. 
However away from the interface, i.e. halfway between two neighboring rigid fibers, 
the matrix is less affected by the strong fiber/matrix interface and therefore can flow 
relatively freely and carry the plastic strain of the composite. This strain rate gradient 
renders strain inhomogeneity and shearing in the matrix which gives rise to the 
formation of matrix voids and load transfer to the reinforcement. Accordingly, the 
strain compatibility between fiber and matrix should be understood as follows: in the 
matrix away from the NiAl/Mo interface, cm εε && = , since the creeping matrix provides 
the plastic flow of the composite; in the matrix adjacent to the NiAl/Mo interface, 
fm εε && = , both of these values are relatively small due to the quasi-rigid nature of the 
Mo fiber (Figs. 5.2.4c and 5.2.5c). For discontinuous fiber reinforced composites, the 
average tensile stress along the reinforcement fσ is defined by the shear lag model 
[Kelly1972]: 
                           
m
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where φ  is the load transfer function given by [Kelly1972] : 
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For the investigated DS NiAl-9Mo, the calculated stress transfer function φ  ≈ 0.32 
during tensile creep at 1300K.  
 Combining Eqs.5.2.6 and 5.2.7 yields the stress mσ  shared by the matrix during 
creep under the applied stress cσ : 
                               
ff
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c
m
VV)
d
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σ
σ
−+
=
+ 11 ααφ
                                         (5.2.9) 
The stress level of mσ in the NiAl matrix calculated by Eq. 5.2.9 is only about 4% of 
the applied stress on the composite cσ . This calculation is in good agreement with the 
experimental results that under 150MPa the DS NiAl-9Mo composite crept at a rate of 
10-8s-1 at 1273K, equal to the steady state creep rate of =ε& 10-8s-1 at 1300K for single 
crystalline [001] NiAl under a stress of only 8MPa, which corresponds to about 5% of 
the 150MPa applied to the composite (Fig.5.2.6). This result supports the hypothesis 
given in the previous section that the creep of NiAl-9Mo was mainly controlled by 
plastic flow of the NiAl matrix, however driven by only a small fraction of the applied 
stress due to an effective load transfer. This is consistent with neutron diffraction 
measurements reported by Bei et al. [Bei2008], where it was found that during 
mechanical loading at 800°C the NiAl phase flows freely and transfers almost the 
entire load to the Mo fibers. 
Since mc εε && = , the creep strain rate of the composite can be written by: 
   
α
α
αα
α
φ
c
0
c
ff
)/(
c0
mm
0
mmc σA
VV)
d
l(
σAσAεε =












−+
===
+ 11
&&
                (5.2.10) 
if 040
1
1
1
.
VV)
d
l( ff)/(
≈
−++ ααφ
 
then 0
cA ≈ 6×10
-21
 with α=5 for aligned NiAl-9Mo. 
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The calculated creep strength of the composite according to Eq. 5.2.10 with the above 
mentioned parameters at 1300K is plotted as dashed line in Fig. 5.2.6. Evidently, it is 
reasonably close to the measured creep strength (thick solid line in Fig. 5.2.6). The 
small discrepancy between the measured and calculated creep rates are apparently due 
to the assumption of a rigid fiber in the model as compared to the quasi-rigid Mo fiber 
in the investigated material.  
 
Fig.5.2.6: Comparison of the experimentally obtained minimum creep rate of DS 
NiAl-9Mo at 1273K in the current study, with the ones of [001] NiAl [Noebe1993] 
and polycrystalline pure Mo with n=4.8 [Carvalhinhos1967] at 1300K (all in solid 
lines), along with the modeled [Kelly1972] creep strength of a perfectly aligned NiAl-
9Mo composite containing rigid Mo fibers (dashed line). Moreover, the estimated 
creep rate of single crystalline quasi-rigid Mo alloy fibers is given (dotted line) based 
on the measured creep strength of NiAl-9Mo at 1273K, as well as the creep rate of a 
rigid single crystalline Al2O3 fiber reinforced NiAl composite (dash-dotted line) 
[Song2012]. 
5.2.3.4 Strength of Mo fibers 
During deformation, the role of the quasi-rigid Mo fibers was to carry the load, to 
reduce the stress level in the matrix and at the same time to maintain strain 
compatibility due to the high interfacial shear strength. This resulted in a reduction of 
the matrix creep rate and thus, the creep rate of the composite. It is emphasized that, 
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based on Eq. 5.2.7, during creep the average tensile stress level in the fiber is 
approximately 150 times larger than that of the matrix and 7 times that of the 
composite. With Eqs. 5.2.5 and 5.2.6, the creep strength of the quasi-rigid single 
crystalline Mo[100] fiber strengthened by NiAl precipitates can be roughly evaluated 
from the rule-of-mixtures, plotted as dotted line in Fig. 5.2.6. It shows a much 
stronger creep resistance than polycrystalline pure Mo (thin solid line in Fig.5.2.6). In 
fact, when the composite was crept at 1273K under 150MPa with a creep rate of 10-8s-
1
, the average tensile stress exerted on the Mo fiber was around 1GPa. Furthermore, 
the results from the dynamic tensile tests on NiAl-9Mo (Table 5.1.1) demonstrated a 
composite yield stress of 350 MPa at 1373K, suggesting a yield stress of the Mo 
fibers around 2.5 GPa. Considering that the yield strength of pure polycrystalline Mo 
at such a temperature is only around 70MPa, the reason for such an unusually high 
strength of the Mo fibers has to be explored. Bei et al. [Bei2007] showed that micro- 
to nano-scale single crystalline Mo fibers extracted from NiAl-9Mo in-situ 
composites exhibited a compressive strength of ~9GPa at RT, as measured by 
nanoindentation test, i.e. close to the theoretical strength, since those micro-pillars 
(size ≤1µm, length around 3µm) were essentially dislocation-free. Moreover, Johanns 
et al. [Johanns2012] reported a scatter (1~10GPa) of the yield stress measured by in-
situ tensile tests on the Mo fibers (size around 500nm, gauge length 9~41µm). Their 
investigations suggest that, in such a small volume (Mo fiber size≤ 1µm), the 
probability that the fiber contains defects and utilizes dislocations to carry the 
imposed load is very low. Therefore the yield stress of most fibers approaches the 
theoretical strength. Together with the dispersion strengthening of the NiAl particles, 
this accounts for the fact that even under stresses above 1GPa at temperatures above 
1000°C the single crystalline Mo alloy fibers showed only very limited plasticity (Fig. 
5.2.4a and c) so that they could be regarded as quasi-rigid phase, as substantiated by 
the results of the Kelly-Street model .  
5.2.3.5 Comparison with other reinforcements 
An interesting comparison can be made between the NiAl-9Mo composite reinforced 
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by quasi-rigid Mo fibers with 14% fiber volume fraction and very high interface shear 
strength (τ = 430 MPa at 1100 °C) in the current study and NiAl-Al2O3 composites 
reinforced by fully rigid single crystalline Saphikon fibers with 50% fiber volume 
fraction and a moderate interface shear strength (τ < 250 MPa at 1100 °C) [Song2012]. 
The former had a lower stress exponent (n ≈ 5) due to the quasi-rigid nature of the Mo 
fibers but an obviously higher creep resistance ( ε& =10-6s-1 at σ = 150 MPa  and 
1100 °C), whereas the latter showed even a relatively small stress exponent (n ≈ 1) 
due to the fully rigid nature of the Saphikon fiber but a very low creep resistance 
( ε& =2×10-6s-1 at σ = 40 MPa and 1100 °C [Song2012]). This demonstrates the 
advantage of a high interfacial shear strength in conjunction with a quasi-rigid 
reinforcement over a moderate interfacial shear strength but fully rigid reinforcement. 
In the former case the strain compatibility between NiAl matrix and Mo fibers during 
elastic and incipient plastic deformation is promoted and thus, enhances the load 
transfer and consequently, impedes the early generation of cracks in the NiAl matrix 
during creep. By contrast, in the latter case, the strain compatibility between NiAl and 
Saphikon fibers was minimized by a fully rigid reinforcement and insufficient 
interfacial shear strength which remarkably decreased the load transfer efficiency and 
load partitioning to the reinforcement. As a result, cracks were readily generated in 
the NiAl matrix during creep even at low stress levels. Furthermore, it is expected that 
the former case is beneficial not only to the creep resistance at HT but also to the RT 
toughness of DS NiAl-9Mo composites (Chapter 6).  
5.2.4 Summary 
The tensile creep behavior of [001]-oriented NiAl-9Mo in-situ composites with well 
aligned Mo fibers was investigated at temperatures between 900 °C and 1200 °C and 
with initial stresses between 80 MPa and 220 MPa. The following conclusions can be 
drawn: 
1. Well-aligned Mo fiber reinforced NiAl-9Mo composites exhibit a high tensile 
creep strength at temperatures above 1000 °C. This can be attributed to the rough 
semi-coherent NiAl-Mo interface with high interface shear strength and quasi-
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rigid Mo fibers. This combination gives rise to improved strain compatibility 
across the fiber/matrix interface during tensile creep and thus, an effective load 
transfer and impediment of early crack generation in the NiAl matrix. The high 
creep strength of the fibers is attributed to dispersion strengthening of the Mo 
fibers by fine NiAl dispersoids and the lack of defects like dislocations in the as-
produced Mo fibers. 
2.  Under the investigated testing conditions, NiAl-9Mo in-situ composites showed a 
stress exponent of n=3.5-5 and an activation energy of Qc=291±19 kJ/mol which 
are close to the corresponding values (n≈5 and Qc = 300 kJ/mol) of binary NiAl 
crept at similar temperatures but under considerably lower stress (only 4%-5% of 
the applied stress). Hence, the creep rate of NiAl-9Mo composites was mainly 
controlled by creep of the NiAl matrix, via dislocation climb.   
3. The experimentally observed creep behavior can be successfully modelled by a 
shear lag approach. The small discrepancy between the measured and modelled 
results is attributed to the assumption of rigid reinforcements in the model, 
slightly deviating from the quasi-rigid Mo fibers in the investigated composite.  
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Chapter 6 
Mechanical behavior of NiAl-9Mo at room temperature 
6.1 Introduction 
The brittleness of β NiAl at room temperature is believed to be caused by its limited 
number of independent slip systems, low cleavage strength and low dislocation 
mobility [Noebe1993]. Incorporating a ductile phase is one method for improving the 
fracture resistance and ductility of the brittle material. Increased toughness is provided 
by enhancing the resistance to crack propagation from the ductile phase during the 
fracture process. Some progress has been made in improving the room temperature 
ductility of NiAl by combining it with a refractory metal such as Mo, Cr or V. For 
example, Johnson et al. [Johnson 1995] showed that a room temperature fracture 
toughness of 20 MPam0.5 can be achieved in a directionally solidified NiAl–34Cr and 
NiAl-28Cr-6Mo in-situ composites with a fibrous or lamellar eutectic microstructure. 
Similarly, Misra et al. [Misra1998], Heredia et al. [Heredia1992] and Joslin et al., 
[Joslin1995] reported a fracture toughness between 14-15 MPam0.5 in NiAl–9Mo 
eutectic in-situ composites. Both these values are significantly higher than the fracture 
toughness of monolithic NiAl (4-8 MPam0.5). However the microstructures of the 
NiAl-9Mo eutectics investigated in those studies [Misra1998, Heredia1992 and 
Joslin1995] were mostly cellular and consisted of non-aligned Mo fibers which 
deviated somewhat from the growth direction. 
For maximizing the crack resistance of the multiphase composite materials, a 
fundamental understanding of the toughening mechanisms and the factors influencing 
those mechanisms is required. In principle, these factors include the properties of the 
reinforcing phases such as Young’s modulus, yield strength and ductility, properties of 
the interface such as strength, and microstructure like crystallographic orientation, 
volume fraction, size and alignment of the reinforcement. 
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In this chapter, the intrinsic room temperature fracture toughness KIC of DS NiAl-9Mo 
composites with unidirectional Mo fibers aligned with the growth direction was 
investigated. Furthermore, the corresponding extrinsic and intrinsic toughening 
mechanisms in NiAl-9Mo will be discussed in detail based on experimental 
observations and calculations, revealing the key factors determining the working 
toughening mechanisms and their magnitude. 
6.2 Results 
6.2.1 Validation  
To ensure that the results obtained from the four-point bending apparatus (Chapter 
3.4.2) employed in the current study were reliable and reproducible, several 
preliminary studies and investigations were performed to calibrate and validate the 
SEVNB experimental method, prior to KIC measurements on NiAl-9Mo specimens. 
For the determination of the stress intensity factor/fracture toughness KIC of the 
material, as illustrated in Fig. 6.1, a variety of methods e.g. single edge precracked 
beam (SEPB), single edge notched beam (SENB) and single edge V-notched beam 
(SEVNB) can be applied.  
 
Fig.6.1: Comparison of fracture toughness testing methods [Quinn2002]. 
The single edge precracked beam (SEPB) method [ASTM1999] requires a straight-
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through precrack created in a beam specimen (Fig. 6.1) via a bridge-loading technique, 
which is often a time, efforts and cost consuming process. The precrack progresses 
from median cracks associated with one or more Vickers indentations, a Knoop 
indentation, or a shallow sawed notch (less then 0.1mm in width) [Lue1995]. In 
general, when using the three-point flexure test, the results from SEPB methods are 
accurate and reliable. However, there exist also some exceptions. First, it is difficult to 
precisely align a sharp SEPB precrack with the middle roller in short three-point 
flexure spans. Furthermore, the results obtained from SEPB four-point bending tests 
scatter very strongly [Quinn2002], resulting in a poor statistics of the measurement. 
This was exactly intended to be avoided in the current study, due to the limited 
amount of available specimens. 
The second method is the single edge notched beam (SENB). This method consists of 
a single edge notch produced by a low speed diamond saw or electric discharge 
machining (EDM). However, numerous earlier investigations [Fisher2008, 
Gogotsi2000] indicate that in this method the fracture toughness can be overestimated 
because an ordinary saw blade notch or a notch generated from EDM is not small 
enough to simulate a true sharp crack in the material. A further difficulty is that the 
fracture toughness is strongly dependent on the notch width/radius [Quinn 2002] 
especially for brittle or semi-brittle material. This could lead to an unreliable 
measurement which often overestimates the intrinsic fracture toughness KIC. 
The third method is the singe edge V-notched beam (SEVNB), in which a pre-notch 
produced by EDM is tapered to a sharp V-notch by using a razor blade sprinkled with 
diamond paste [Kübler2002]. The SEVNB testing method can determine relatively 
reliable and reproducible values for KIC with good statistics, especially for brittle or 
semi-brittle materials like ceramics or intermetallics [Fisher2008]. However the V-
notch radius must be small enough to determine the “true” intrinsic fracture toughness 
KIC of a material. In general, the notch root radius should be smaller than or the same 
as the major microstructural feature size (αm in Eq.6.1) of the tested material. In that 
case, SEVNB methods can yield the intrinsic characteristics of fracture toughness for 
a brittle or semi-brittle material. 
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Therefore in this study, the SEVNB method was chosen and applied to all the tested 
specimens for the determination of the room temperature fracture toughness KIC, due 
to easier sample preparation and reliable non-overestimated intrinsic KIC values with 
good statistics. 
Eq. 6.1 describes the relation between the theoretical critical stress intensity KIC,th and 
the experimentally determined critical stress intensity KIC,exp of a notched bending 
beam. 
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                                               (6.1) 
where Ysu is a geometry factor of a short crack at the surface of an uncracked 
specimen; αm is the major microstructural feature size, and ρ is the radius of the notch 
tip [ Fett1995]. For a reliable measurement of the intrinsic KIC, i.e. a ratio of KIC,th and 
KIC,exp in Eq.6.1 close to 1, the root radius ρ of a V-notch must be smaller than a 
critical value ρc. Therefore, the critical notch root radius ρc for NiAl-9Mo specimen 
had to be determined prior to the measurement. Then the sharp V-notch can be 
introduced on NiAl-9Mo specimens according to this criterion. For this purpose, 
another NiAl alloy IP75 (Ni-45Al-7.5Cr-2.5Ta) was selected as a model material, to 
investigate the effect of various root radii ρ on the measured fracture toughness and 
also to determine the critical root radius ρc for the NiAl-9Mo samples, given the fact 
that IP75 and NiAl-9Mo share the same brittle NiAl matrix and cracking initiates in 
the matrix in both materials.  
In Fig. 6.2, the symbols manifest the measured stress intensity factor KIC,exp of IP75 
for a given root radius ρ. A fitting (the curve in Fig.6.2) to equation 6.1 was performed. 
In general, the fracture toughness decreases with a decreasing root radius. Below a 
critical notch radius (ρc=8µm was determined, indicated by the dashed line in Figure 
6.2), the measured fracture toughness KIC,exp becomes stable, and this stable value 
corresponds to the intrinsic fracture toughness KIC,th of a material. This means that the 
notch root radius ρ must be smaller than or equal to the critical value, otherwise the 
measured fracture toughness is overestimated. For the NiAl-9Mo composite, the same 
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criterion was employed. Only specimens with a notch root size ρ smaller than or equal 
to ρc=8µm were subjected to fracture toughness measurements (Fig. 3.8c). 
 
Fig. 6.2: Effect of notch root radius ρ on measured fracture toughness KIC,exp of IP75 
6.2.2 Fracture Toughness of NiAl-9Mo 
During the four-point bending test, the loads and displacements were recorded for a 
constant displacement rate (Chapter 3.4.2). The load/displacement curves of two DS 
NiAl-9Mo bent specimens with two different growth rates (R=0.33mm/min and 
R=0.67mm/min) and as-cast NiAl-9Mo are displayed in Fig. 6.3, showing no stable 
crack growth. For all the tested specimens, the maximum forces were taken from the 
force-displacement plots (Fig. 6.3) and then subjected to a K calibration (equation 3.8 
and 3.9). Accordingly, the RT fracture toughness KIC of each bent specimen can be 
determined. 
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Fig. 6.3: Force-displacement plots of measured NiAl-9Mo materials 
Table 6.1: Fracture toughness data for NiAl-Mo composites 
 
Alloy KIC  (MPam0.5) 
NiAl-Mo (as-cast, Fig.6.5a) 8.7±0.6 
NiAl-Mo (DS, R=0.67mm/min, Fig.6.5b) 10.5±0.4 
NiAl-Mo (DS, R=0.33mm/min, Fig.6.5c) 14.5 ±0.3 
NiAl-Mo (DS) [Misra1998] 14.4 
NiAl-Mo (DS) [Joslin1995] 15.7 
NiAl-Mo (DS) [Heredia1993] ~15 
[001] single crystal NiAl, matrix [Heredia1993] 8 
 
The measured KIC values of as-produced NiAl-9Mo composites with different growth 
rates R and thus, different Mo fiber alignment are listed in Table 6.1. The DS NiAl-
9Mo composites revealed much higher fracture toughness than as-cast NiAl-9Mo 
[Misra2000] or single crystalline NiAl [Heredia1993]. The DS composite solidified at 
R=0.33mm/min has the highest fracture toughness of 14.5 MPam0.5, similar to the 
measured fracture toughness of 14~15 MPam0.5 reported in other studies [Misra1998, 
Joslin1995, Heredia1993]. This value is about 2 times higher than the toughness of 
[001] binary NiAl [Misra2000, Heredia1993], i.e. the matrix of the NiAl-Mo 
composites. The fracture toughness reached a maximum when the Mo fibers were 
arranged mostly parallel to the growth direction (Table 6.1, Fig. 4.1e-f). 
The fact that KIC of DS NiAl-9Mo with well aligned Mo fibers measured in the 
current study was similar to the fracture toughness reported for DS NiAl-9Mo with 
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non-aligned Mo fibers from other studies (Table 6.1) was attributed to the very 
different notch root radius ρ prepared on the bent specimens (V-shaped ρ≈5-10µm in 
this study and U-shaped ρ≈300-500µm in [Misra1998, Joslin1995, Heredia1993]). 
The fracture toughness of KIC ≈ 14.5 MPam0.5 obtained from the NiAl-Mo SEVNB 
beams with root radiuses ρ = 5~10 µm in the current study is in fact the intrinsic 
fracture toughness of DS NiAl-9Mo composites with well aligned Mo fibers and 
should be smaller than those measured with a root radius larger than ρc (Fig. 6.2). 
Therefore, the reported fracture toughness data [Misra1998, Joslin1995, Heredia1993] 
of non-aligned Mo fibers reinforced NiAl-9Mo appear to be overestimated, with the 
lower limit approaching the non-overestimated intrinsic fracture toughness KIC of well 
aligned Mo fibers reinforced NiAl-9Mo measured in this investigation. 
Figure 6.4 shows the macroscopic fractography of NiAl-9Mo samples after four-point 
bending tests. The specimen on the left is an as-cast NiAl-9Mo specimen. It is 
obvious that the specimen was completely broken into two parts immediately after 
reaching the maximum load during the four-point bending test. However, the two DS 
specimens on the right (R=0.67 mm/min and R=0.33 mm/min) were still intact after 
the bending tests, showing some limited plasticity, as also indicated by the non-linear 
force-displacement curves in Fig. 6.3. SEM observations of the entire fracture surface 
of as-cast NiAl-9Mo bent specimens revealed a transgranular fracture surface. 
However, the fracture surfaces of the two DS NiAl-9Mo specimens after four-point 
bending tests were of cleavage type associated with numerous river line patterns, as 
pointed out by arrows in Fig. 6.4. The positions of the pre-notch and V-notch are also 
marked in Fig. 6.4. 
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Fig. 6.4: Fracture surfaces of NiAl-9Mo bent specimens after failure. 
The fractography of as-produced NiAl-9Mo composites solidified at different growth 
rates R after flexure tests is revealed in Fig. 6.5. It can be seen that, as the growth rate 
is reduced and the Mo fibers aligned from irregular to essentially parallel to the DS 
direction, the major fracture mode changed from transversal interface debonding (Fig. 
6.5a) through crack bridging with fiber necking and partial interface debonding (Fig. 
6.5b) to finally crack trapping with fiber cleavage (Fig. 6.5c). In other words, the 
main toughening mechanism was altered as the Mo fiber alignment improved. The 
fracture surface of DS NiAl-9Mo R=0.33 mm/min (Fig.6.5c) was covered by 
numerous parallel crack arrest lines connecting the Mo fibers. Crack arrest lines found 
on the fracture surface indicated that crack trapping by Mo fibers occurred during 
crack propagation prior to cleavage fracture of the Mo fibers and acted as an 
important toughening mechanism. At locations where the crack front interacted with 
the Mo fibers, steps (or ridges) in the NiAl matrix were observed and could be 
associated with crack trapping, as the crack front circumvented the Mo fibers (Fig. 
6.5c).  Furthermore, Fig. 6.5c demonstrates that all the Mo fibers failed by cleavage in 
the crack plane. Crystallographic cleavage is characterized by cracks growing parallel 
to certain low index crystallographic planes [Bauccio1993], e.g. {001} planes in case 
of Mo. The fact that the cleavage surface of Mo fibers was perpendicular to the 
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growth direction <001> (Fig. 6.5c) substantiated a {001} cleavage plane for Mo fibers. 
 
Fig. 6.5: Fractography of NiAl-9Mo after flexure tests at RT. (a) Transversal interface 
debonding mainly observed in as-cast specimens, (b) fiber bridging/necking in DS 
specimens with R = 0.67 mm/min, (c) crack trapping with fiber cleavage in well 
aligned specimens with R = 0.33 mm/min. 
Fig. 6.6 displays the deformed microstructure after four-point bending test at RT. In 
the NiAl matrix, a slightly higher dislocation density was observed than in the DS 
state (Fig. 4.5a), with a similar heterogeneous distribution (Fig. 6.6a). Fig. 6.6b 
reveals a higher density of matrix <001> dislocations near the interface than in the 
centre of NiAl phase. These dislocations were generated from the interface during 
deformation at RT. Figure 6.6c shows that in the Mo phase dislocations were rarely 
seen, similar to the DS state (Fig. 4.5c), indicating that the slip transfer from the 
matrix across the interface to the refractory phase is difficult [Misra1997].  
 
Figure 6.6: Bright-field TEM images of microstructure (DS, R=0.33mm/min)  
deformed at RT showing (a) high density of dislocations in NiAl matrix, (b) high 
dislocation density near the interface on the NiAl side, (c) nearly no dislocations in 
the Mo fiber 
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6.3 Discussion of the toughening mechanisms 
A quantitative analysis of the contributing toughening mechanisms responsible for the 
observed KIC improvement (∆KIC= ∆KNiAl-9Mo - ∆K[001]NiAl=6.5 MPam0.5) in this 
discussion considers the interface structure and properties as well as the mismatch of 
Young’s modulus and KIC between fiber and matrix, the fracture energy of the 
composite components, and the intrinsic toughening by crack tip blunting (e.g. in 
NiAl). The contribution of external toughening mechanisms such as crack bridging 
and crack trapping to the KIC improvement of NiAl-9Mo was quantified. Additionally 
geometry effects and intrinsic mechanisms were considered to enhance the fracture 
toughness.  
6.3.1 Crack deflection 
One of the prerequisites for crack deflection to occur in fiber reinforced composites is 
a high elastic modulus mismatch between reinforcement and matrix, as the Dundurs 
parameter α = ∆E/ΣE (Eq.2.16) suggests [Dundurs 1968]. A low α value, e.g. 0.22 
between NiAl and Mo in NiAl-9Mo, indicates a low modulus mismatch and a low 
tendency to crack deflection along the interface. Instead, the crack prefers to penetrate 
through the reinforcement. Furthermore, a weak interfacial strength can also promote 
crack deflection along the interface [Misra1998]. However in the current study, the 
interface between Mo and NiAl was inherently strong through the eutectic reaction, as 
substantiated in Chapter 4. Therefore crack deflection wasn’t frequently observed in 
the DS NiAl-9Mo specimens where the fiber direction deviated no more than 2°~12° 
from the macroscopic crack plane normal (Fig. 6.5b and c). However, crack deflection 
was extensively observed when the fibers were inclined more than 30° to the principle 
stress direction, i.e. to the macroscopic crack plane normal, as in the as-cast specimen 
(Fig.6.5a). With the help of an applied normal stress, the crack can open through the 
inclined interface, leaving a stepwise fracture image upon interface debonding of the 
Mo fibers, as illustrated in Figs. 6.5a and 6.7a. The as-cast NiAl-9Mo samples 
demonstrated a relatively low fracture toughness, compared to the DS NiAl-9Mo 
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specimens. This indicates that crack deflection associated with interface debonding 
offers only a marginal toughening effect and should be in general avoided in NiAl-
9Mo composites. This stresses the importance of the Mo fiber alignment with the 
growth direction in order to allow a better interaction of the propagating crack with 
the Mo fibers. 
 
Fig: 6.7: Schematics of extrinsic toughening mechanisms in NiAl-9Mo composites a) 
crack deflection, dominant in as-cast NiAl-9Mo(Fig. 6.5a); b) crack bridging, evident 
in DS NiAl-9Mo, R=0.67mm/min (Fig. 6.5b); c) crack  trapping with Mo fiber 
cleavage, dominant in DS NiAl-9Mo, R=0.33mm/min (Fig. 6.5b); d) introduced 
friction due to geometry effect.  
6.3.2 Crack bridging 
In general, crack bridging is among the most important external toughening 
mechanisms in fiber reinforced composites by allowing plasticity of the reinforcement. 
Fractography of DS (R=0.67mm/min) NiAl-9Mo specimens after flexure test 
substantiated that Mo fibers failed by local necking (Fig. 6.5b), indicating crack 
bridging. It occurred in NiAl-9Mo composites, when the fibers were inclined more 
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than 10° and less than 30° to the growth direction, i.e. the principle stress direction or 
the macroscopic crack plane normal. In this case, a local normal stress developed at 
the interface which tended to open up the interface, leading to partial debonding of the 
interface (Fig. 6.7b). Additionally, a shear stress was generated at the interface which 
favored the activation of slip systems in Mo {110}<111>. With this local plasticity of 
the Mo fibers, the reinforcements can blunt and bridge the matrix crack until failure 
(Figure 6.5b and 6.7b).  
To quantify the contribution of crack bridging to the fracture toughness improvement, 
a crack bridging model [Johnson1995] was employed. An increase in fracture energy 
∆G, due to crack bridging, and the corresponding composite fracture energy G can be 
expressed as: 
                                                 ∫ −=
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where Gm is the fracture energy of the matrix, f is the volume fraction of the 
reinforcement, µ* is the crack opening displacement needed to rupture the ductile 
phase, σ0 is the yield stress of the ductile phase, α0 is the radius of the ductile phase, 
and χ is a parameter that indicates the work of rupture. For plane strain conditions, the 
fracture energy G is related to the stress intensity factor K by: 
                                                   K2(1-ν2)=GE                                             (6.4) 
where ν is the Poisson ratio and E is Young’s modulus. Then Eq. 6.3 can be rewritten 
as: 
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where the subscripts m and c represent matrix and composite, respectively.  
In Eq. 6.5, the parameter χ is approximately the ratio of the work needed to fracture 
the constrained ductile phase in the composite and in an unconstrained case. 
Depending on the flow characteristics of the secondary phase, χ is typically in the 
range of 1~4 from an unconstrained to a very ductile case. Given the limited plasticity 
of Mo fibers from fractography observations, a value of 2 for χ was assumed. Based 
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on Eq. 6.5 and the material constants listed in Table 6.2, a fracture toughness of ∆KIC 
= 2.1 MPam0.5 was calculated for NiAl-9Mo, if only crack bridging is taken into 
account as toughening mechanism. 
However, this improvement in fracture toughness is much lower than the 
enhancement of ∆KIC = 6.5 MPam0.5 obtained by measurement. This discrepancy 
indicates that crack bridging alone did not fully account for the improvement of 
fracture toughness measured on DS NiAl-9Mo and that its contribution to the fracture 
toughness was only moderate in the current case. 
Table 6.2: Material constants for crack bridging modeling 
α0       
[m] 
σ0 
[MPa] 
Km 
[MPam0.5] 
νc νm Ec  
[GPa] 
Em  
[GPa] 
f χ 
0.5×10-6 330a 8 0.317 0.31 193b 180 0.14 2 
a
 [Shinno 1988]; b estimated from rule of mixture 
This low level of contribution from crack bridging can be attributed to the fact that the 
prerequisites for crack bridging weren’t completely met in this composite, which 
hindered crack bridging from fully exerting its toughening effect. The occurrence of 
crack bridging requires the interface to be susceptible to decohesion. However, 
compared to the interfaces in artificial composites, e.g. NiAl-Al2O3 composites 
[Hu1996, Chen2006], the interface between NiAl matrix and Mo fiber is inherently 
strong from the eutectic reaction. Furthermore, due to a large compressive TRS 
healing the interface (about -570 MPa) as evident from FEM simulations in Fig. 4.15a, 
the interface is pre-compressed and hinders local debonding. Under these 
circumstances, partial debonding can occur (Fig. 6.5b), only when the fiber is inclined 
at least 10° to principle stress direction, with local normal stress opening the interface. 
The second prerequisite for crack bridging is a good flow property of the 
reinforcement. Given a DBTT around room temperature for pure Mo, the solid 
solution strengthened Mo fiber (Mo-8.4Al-10.9Ni) is expected to show a rather poor 
ductility at RT, since alloying of Mo with Al or Ni in excess of 0.1 wt.% are known to 
rapidly increase the DBTT of Mo [Misra1997].  
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6.3.3 Crack Trapping 
Crack trapping arises when the crack front interacts with higher toughness 
reinforcements (e.g., KIC = 15~22 MPam0.5for Mo<001> and KIC = 8 MPam0.5 for 
NiAl<001>) requiring the crack to penetrate the matrix between two neighboring 
reinforcement. The associated perturbation of the crack front requires an increase in 
the imposed stress intensity factor for crack propagation, corresponding to an increase 
in fracture toughness. Trails of crack trapping were very frequently observed on the 
entire fracture surface of DS (R=0.33mm/min) NiAl-9Mo composites (Fig. 6.5c). It 
occurs in NiAl-9Mo composites, when the fibers are perpendicular to the crack plane 
or inclined less than 4° to principal stress direction, as illustrated in Fig. 6.7c. This 
configuration of fiber orientation favors cleavage of Mo fibers over local plasticity in 
fibers, since the cleavage strength of the fiber is reached by the normal stress in fiber 
direction before the shear stress exceeds the critical resolved shear stress for 
{110}<111> slip in Mo. As a result, instead of bridging the matrix cracks and being 
plastically deformed by necking, the Mo fibers become prone to cleavage (Fig. 6.5c 
and Fig. 6.7c). 
The maximum possible fracture energy of the composite induced by crack trapping 
can be described by an idealized model which considers a crack bypassing a row of 
fibers [Rose1975]: 
                            
comp. fiber
matr . matr .
G G1 1
G G
α
λ
 
= + −  
 
                                     (6.6) 
where G is the fracture energy, the subscripts comp., fiber and matr. denote composite, 
fiber and matrix, respectively; α and λ are the fiber size and fiber spacing, as indicated 
in Fig. 4.4. It is worthy to note that in Eq. 6.6 the ratio of α/λ is proportional to the 
square root of the volume fraction of the reinforcement fV , giving the relationship 
22
2
3 λfVa =
 
between α, λ and Vf, under the assumption of a hexagonal fiber 
arrangement (Fig. 4.2a). Therefore, Eq. 6.6 suggests that the toughening effect of 
crack trapping is strongly dependent on the volume fraction Vf of the reinforcement 
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but less dependent on the degree of dispersion of the reinforcement. Combining Eq. 
6.4 and 6.6 yields: 
                   
1 / 22
comp. fiber
matr. matr .
K K1 1
K K
α
λ
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                                     (6.7) 
For α = 1.05µm and λ = 2.95µm (DS NiAl-Mo, R = 0.33 mm/min, Fig. 4.4), the 
fracture toughness KIC of NiAl<001> is 8 MPam0.5 and for Mo<001> it is 15~22 MPam0.5. 
Then, the predicted fracture toughness of the composite with crack trapping 
toughening mechanism is around 11~14.6 MPam0.5 (∆KIC = 3~6.6 MPam0.5). This is 
close to the measured fracture toughness of 14.5 MPam0.5 (∆KIC = 6.5 MPam0.5) and 
supports the conclusion that crack trapping is the main toughening mechanism and 
responsible for the enhancement of the fracture toughness. However, this does not 
completely exclude other toughening mechanisms, which may also improve the 
resistance of crack propagation in NiAl-9Mo composites. 
6.3.4 Geometry effect 
Geometry played another important role in the resistance against cracking. Given the 
facts that the cleavage plane is {110} for NiAl, {100} for Mo and the orientation 
relationship between the two components is cube on cube, the cleavage plane is not 
aligned for easy and continuous crack propagation. Instead, the crack has to change its 
direction of propagation every 1 or 2 µm by 45°, as indicated in Fig. 6.7c. The crack 
plane is redirected away from being perpendicular to the principal stress (deviating 
from Mode I), and the stress intensity at the crack tip becomes significantly 
diminished. Consequently, the crack path in the composite was much longer than that 
in pure NiAl, also improving the material’s resistance against cracking. Possibly, 
friction could also contribute to the fracture toughness when two crack faces were in 
contact, as illustrated in Fig. 6.7d.  
6.3.5 Intrinsic toughening 
In materials with a limited number of slip systems such as NiAl, the density of mobile 
dislocations is crucial for plastic deformation. Some research groups like Noebe et al. 
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and Morris et al. have reported an improved ductility from Al2O3 film-softened pre-
oxidized NiAl [Noebe1986] and pre-strained NiAl [Morris1994]. This plasticity at RT 
in intrinsically brittle NiAl can be attributed to the activation of additional dislocation 
sources such as interfaces, e.g. Al2O3/NiAl interface [Noebe1986] and pre-existing 
mobile dislocations, generated during pre-deformation at HT [Morris1994]. A similar 
case holds for the current study: a high density of dislocations was present in the as-
produced NiAl matrix (Fig.4.5a) before deformation at RT. Also, during plastic 
deformation matrix dislocations were generated at the NiAl/Mo interfaces (local 
dislocation density was of the order of 1×1013~1×1014m-2, as estimated from Fig.6.6 
b). Therefore, it is necessary to also consider the intrinsic toughening of NiAl. 
Intrinsic mechanisms arise from dislocation plasticity around a crack tip, which blunts 
the crack tip. According to Irwin’s first estimation, the plastic zone size ry (Fig. 2.6a) 
and the crack-tip-opening displacement (CTOD, Fig. 2.6a), denoted asφ  under plane 
strain conditions are given by [Irwin 1956]: 
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where KIC is the fracture toughness, E is the Young’s modulus, and σy is the yield 
strength. For NiAl, ry= 0.921 µm and 1470.=φ µm were calculated for the size of the 
plastic zone and the CTOD at the crack tip. 
For DS (R=0.33mm/min) NiAl-9Mo composites, an average fiber size of α= 1.05µm 
and an average fiber spacing of λ= 2.9 µm (Fig. 4.4a) were found. Therefore, the 
thickness of the NiAl matrix between two neighboring NiAl/Mo interfaces was 
around λ-α= 1.85 µm. From Irwin’s first estimation, the plastic zone size ry= 0.921 µm 
is approximately half this matrix thickness. This indicates that, in a very large range 
around a matrix crack tip, the stress level in the matrix exceeds the yield stress of 
NiAl. As a consequence, in this region, the motion and multiplication of dislocations 
around the crack tip could lead to a plastic relaxation of the crack tip. The original 
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sharp crack tip will get blunted and becomes much less sharp by an opening 
displacement of CTOD, 1470.=φ µm, which is equivalent to approximately 500 
Burgers vectors of NiAl dislocations with bNiAl= (001)a= 0.2887nm, [Noebe1993]). In 
other words, pile-ups of 500 matrix dislocations (Fig.2.6b) are required to produce the 
opening displacement of 1470.=φ µm, corresponding to a dislocation density of 
1.5×1014m-2 in the plastic zone with a radius of ry. Therefore, the stress intensity at the 
crack front is significantly reduced, which actually increases the crack propagation 
resistance of the NiAl matrix and improves the room temperature fracture toughness 
of NiAl-9Mo composites. 
6.4 Summary 
This study investigated the RT fracture toughness of DS NiAl-9Mo in-situ composites. 
The Mode I stress intensity factors KIC of the materials were measured by four-point 
bending tests. The fracture surfaces were examined by SEM. The influence of the 
growth rate R and thus, Mo fiber misorientation angle θ on the fracture modes of 
NiAl-9Mo was characterized. The corresponding toughening mechanisms were 
identified and discussed. Based on the experimental data and calculations, the 
following conclusions were drawn: 
1. Flexure tests performed on the SEVNB NiAl-9Mo specimens with adequately 
small root radius (ρ=5-10µm) yielded the intrinsic values of RT fracture toughness 
KIC. The DS NiAl-9Mo (R=0.33mm/min) composites with well aligned Mo fibers 
demonstrated a RT fracture toughness KIC of 14.5 MPam0.5, a factor of two higher 
than that of [001] binary NiAl, suggesting a significant improvement in RT 
fracture toughness. However, considering the minimum requirement of the RT 
fracture toughness around 20 MPam0.5 for the crucial components in the gas 
turbines, e.g. turbine blades, measures to further enhance the RT fracture 
toughness of NiAl in-situ composites need to be taken. 
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2. The measured KIC of NiAl-9Mo increased monotonically with decreasing growth 
rate R, suggesting the fiber orientation to have a dominant influence on the 
fracture mode and toughening mechanisms. As the Mo fiber misorientation angle 
θ decreased, the fracture mode of NiAl-9Mo changed from crack deflection along 
the interface with transversal interface debonding through bridging the Mo-rich 
phase with local plasticity and partial interface debonding to finally crack trapping 
with fiber cleavage. This underlines the importance of aligning the Mo fibers with 
the growth direction for a better interaction between the propagating crack and the 
reinforcements.  
3. Calculations showed that crack trapping is the major toughening mechanism in 
DS NiAl-9Mo composites, whereas the contribution from crack bridging was 
moderate and crack deflection offers little toughening improvement in the 
composite. Furthermore, geometry effect and intrinsic toughening in NiAl matrix 
also contribute to the improved RT fracture toughness KIC of DS NiAl-9Mo. 
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Chapter 7 
The Cyclic Oxidation Resistance of NiAl Eutectics at 1000°C 
7.1 Introduction 
For structural applications at HT, not only adequate mechanical properties but also the 
oxidation resistance of a material has to be taken into consideration and thus, 
systematically investigated. It has been reported that the addition of Mo degraded the 
oxidation resistance of binary NiAl [Barrett 1992] due to the thermal instability of Mo 
oxide formed at HT. The influence of Cr-addition on the oxidation resistance of NiAl 
is somewhat more complicated depending on temperature. Leyens et al. found that Cr 
improved the hot corrosion and oxidation resistance of NiAl-Cr alloy at 950°C 
[Leyens 2000]. Klumpes et al. attributed this beneficial effect to the fact that Cr 
stimulated the formation of a stable α-Al2O3 at 1000°C [Klumpes 1996]. By contrast, 
Lowell et al. suggested that Cr-addition decreased the overall oxidation resistance of 
NiAl-Cr alloy at temperatures above 1200°C [Lowell 1972]. Up to now, the reports 
about cyclic oxidation behavior of NiAl binary eutectics, e.g. NiAl-9Mo and NiAl-
34Cr(Mo), are rare although such data are of vital importance for the potential HT 
structural application of NiAl-based eutectics. Thus, in the current study the oxidation 
behaviour of a number of NiAl eutectics like NiAl-9Mo, NiAl-34Cr and NiAl-28Cr-
6Mo were investigated by cyclic oxidation tests at 1000°C. The oxidation kinetics, 
scale formation and overall oxidation resistance were measured and determined. The 
different oxidation behaviour of the investigated NiAl-eutectics will be discussed on 
the basis of two distinct oxidation models. 
7.2 Results 
Fig. 7.1 shows the evolution of the specific weight change ∆Wm against the exposure 
time t of all tested materials, which were subjected to the cyclic oxidation test 
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described in Chapter 3.5. The corresponding data of monolithic NiAl reported by 
Leyens et al. [Leyens 2000] are also given in the figure for comparison. According to 
Fig. 7.1, the specific weight change ∆Wm after 1028 hours exposure of the tested 
materials was calculated. A power law type oxidation kinetics ∆W = ktn, where k is the 
oxidation rate constant, t the exposure time (in h), and n the oxidation rate time 
exponent, was deduced by fitting the curves shown in Fig. 7.1. The obtained ∆Wm, n 
and k which quantitatively indicate the oxidation kinetics of the tested materials are 
summarized in Table 7.1. The morphologies of the oxidized surface of all specimens 
after the complete tests are compared in Fig .7.2.  
From Figs. 7.1-2 and Table 7.1 it can be seen that the oxidation extent after the cyclic 
tests for 1028h is quite different for different tested alloys. The investigated materials 
can be classified into two groups, i.e. severely oxidized alloys like NiAl-9Mo and 
NiAl-28Cr-6Mo and slightly oxidized alloys like NiAl-34Cr, IP75 and CMSX-4. In 
following they will be described separately.  
 
Fig. 7.1:  The weight change against the accumulative cyclic oxidation time of NiAl 
eutectic, IP 75 and CMSX-4 alloy. The data for NiAl were taken from [Leyens 2000]. 
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Table 7.1: Specific weight change after oxidation in air for 1028 hours at 1000°C and 
corresponding oxidation kinetics parameters 
Material ∆Wm  [mg/cm2] n k 
NiAl-9Mo 12.13 0.68 0.14 
NiAl-28Cr-6Mo 4.60 0.26 0.93 
NiAl-34Cr 0.48 0.14 0.21 
IP75 0.37 0.16 0.12 
CMSX-4 
0.37 (after first 36 h) 
-0.02 (after 1028 h) -- -- 
 
The specific mass change of NiAl-9Mo and NiAl-28Cr-6Mo suggest a significant 
mass gain after 1000 h of cyclic oxidation (12.13 and 4.60 mg/cm2, respectively) and 
very fast oxidation kinetics (n = 0.68 and 0.26 as well as k = 0.14 and 0.93, 
respectively), as shown in Fig.7.1a and Table 7.1. The surfaces of these two samples 
showed after the test catastrophic cyclic oxidation behaviour by sample cracking, 
breakage, oxide spalling, and sample growth (Fig. 7.2a and b). Compared to NiAl-
9Mo and NiAl-28Cr-6Mo, NiAl-34Cr showed a considerably smaller mass gain (0.48 
mg/cm2) and much slower oxidation kinetics (see Fig.7.1a and Table 7.1), comparable 
Fig. 7.2: Oxidized surfaces 
of all the test samples after 
full cycles at 1000℃  
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to that of IP75 and Ni-based CMSX-4 (see Fig.7.1b and Table 7.1). The surfaces of 
NiAl-34Cr, IP75 and CMSX-4 samples after the cyclic test were covered by uniform 
dark grayish speckled compact scales (Fig. 7.2c, d and e). Furthermore, as table 7.1 
demonstrates, the slow cyclic oxidation kinetics of NiAl-34Cr and IP-75 are 
characterized by a time exponent n<0.2 at 1000°C, whereas for NiAl-28Cr-6Mo 
n≈0.25 and NiAl-9Mo n>0.5. These results suggest that NiAl-34Cr possesses 
excellent cyclic oxidation resistance at 1000°C, which is far superior to those of NiAl-
9Mo and NiAl-28Cr-6Mo and close to IP75 and CMSX-4. 
Different oxidation behavior and oxidation kinetics are reflected by the 
microstructures after the tests. To understand the materials’ response to cyclic 
oxidation tests, SEM/EDX analyses were performed after complete exposure for 
quantitatively identifying the oxidation products in the tested alloys. The 
metallographic cross sections demonstrated severe hot corrosion in NiAl-9Mo (Fig. 
7.3a) and NiAl-28Cr-6Mo (Fig. 7.3b) with thick oxide scales (200~400µm, original 
sample thickness 1.5mm) on the surface, which were porous and discontinuous so that 
oxidation penetrated deeply into the metallic substrates. Moreover, numerous cracks 
had formed and some extended even through the whole cross sections due to hot 
corrosion as well as thermal stresses during thermal cycling (Fig. 7.3a-b). They 
accelerated the oxidation kinetics and increased the specific weight gain of these two 
eutectic alloys dramatically. SEM/EDX analyses characterized the element 
distribution (Fig. 7.3a). It was found that the scale formed on the NiAl-9Mo surface 
was a layer of pure α-Al2O3, underneath which existed an internal oxidation zone 
which consisted of a phase mixture of Al2O3(dark)+Mo(bright) (Fig. 7.3a). Beneath 
this internal oxidation zone remained the metallic substrate of NiAl (depleted of Al) 
and Mo. A similar structure was also observed on NiAl-28Cr-6Mo (Fig. 7.3b), where 
beneath a layer of dense α-Al2O3 scale, an internal oxidation zone was present with a 
lamellar structure of Al2O3 (dark) and Cr(Mo) phase (bright) on top of the metallic 
substrate of NiAl (depleted of Al) and Cr(Mo). The transversal cracks (Fig. 7.3a and b) 
connecting the surface and metallic interior caused a severe internal oxidation by 
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transporting oxygen atoms from the surface region to the interior, which caused the 
interior metal adjacent to the crack to become also severely oxidized.  
The metallographic cross sections (Fig. 7.3 c, d and e) of NiAl-34Cr, IP75 and 
CMSX-4 after cyclic oxidation test showed no depletion zone and no crack formation. 
The thickness of the oxidation scales formed on the surface of these three alloys was 
small and dense. The scale formed on the surface of IP-75 (Fig. 7.3d) was identified 
to be a continuous and compact thin Al2O3 scale, underneath which laid an oxide 
compound mainly composed of Ni, Ta and Cr. A dense and thin oxide compound scale 
comprised mainly of Al and a little Ta (Fig. 7.3e) was observed on the surface of 
CMSX-4 after the cyclic oxidation tests. On the surface of NiAl-34Cr (Fig. 7.3c), a 
continuous and dense α-Al2O3 scale with a thickness of about 4 µm was formed that 
prevented further internal oxidation in the substrate, although local internal-oxidation 
spots were still sporadically seen. Between this α-Al2O3 scale (Fig. 7.3c) and the 
underlying metallic substrate of NiAl (depleted of Al) a Cr-rich metallic layer was 
observed. Apparently, this Cr-rich layer was formed upon the rejection of Cr from the 
growing α-Al2O3 scale and a low Cr solubility in the NiAl matrix [Pint 2000]. 
 
NiAl-9Mo 
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Fig. 7.3:  Microstructure of the tested materials after cyclic oxidation tests at 1000 °C 
for 1028 hours. Left side of the pictures is metallographic and right side of the 
pictures is SEM/BSEI image with element distribution also shown in a). 
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7.3 Discussion 
7.3.1 Influence of Mo/Cr(Mo) phases on the oxidation mechanisms 
On the oxidized surfaces of NiAl-9Mo, NiAl-28Cr-6Mo and NiAl-34Cr, Al2O3 is the 
only type of metal oxide observed. It implies a higher thermodynamic stability of 
Al2O3 under current testing conditions compared to other oxides like MoO2 and Cr2O3. 
Such a high thermodynamic stability can be understood as a combination of a high 
negative free energy and a low equilibrium vapour pressure, as manifested in Table 
7.2. 
Table 7.2: Standard free energy of formation ∆Gf0 (Ellingham diagram) and 
equilibrium vapour pressure P(MXOY) of Al2O3, MoO2 and Cr2O3 at 1000 °C 
[Doychak 1994] 
 
∆Gf0 (kcal/mol O2)  
at 1000 °C 
log P(MXOY) (atm) 
at P (O2) =0.21atm 
Al2O3 -205 -18.8 
Cr2O3 -130 -9.3 
MoO2 -90 -0.4 
The initial microstructure of NiAl-Mo, NiAl-Cr(Mo) and NiAl-Cr is characterized by 
a fibrous or lamellar eutectic configuration [Walter1970], in which Mo/Cr fibers or 
Cr(Mo) lamellae are embedded in β-NiAl matrix. During the oxidation tests, the 
eutectic structure of NiAl-Mo, NiAl-Cr(Mo) decomposed into a two phased mixture 
of Al2O3(oxide) + Mo/Cr(Mo)(metallic), whereas a single phase Al2O3 scale formed 
on the NiAl-Cr eutectic. The reactions occurring during the cyclic oxidation of NiAl-
Mo and NiAl-Cr(Mo) can be summarized as follows based on the EDX 
characterizations (Fig. 7.3a and b): 
NiAl (β) + Mo/Cr(Mo) (2nd phase in NiAl) + O    →                                                
Al2O3 (oxide) + NiAl (depleted of Al) + Mo/Cr(Mo) (2nd phase in oxide) 
During the oxidation of NiAl-Cr, Cr atoms were rejected from the growing Al2O3 
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scale leading to the formation of a Cr-rich metallic layer beneath the scale (Fig. 7.3c), 
due to the different solubility of Cr in NiAl and Al2O3. Therefore, the reaction in 
NiAl-34Cr can be expressed as: 
NiAl (β) + Cr (dissolved in NiAl) + Cr (2nd phase in NiAl) + O    →                         
Al2O3 (oxide) + NiAl (depleted of Al) + Cr (beneath scale) + Cr (2nd phase in NiAl) 
These two different oxidation reactions in two phase NiAl eutectics will be further 
discussed in terms of Wood’s oxidation model [Wood 1970] under the assumption that 
Al in NiAl is the less noble element and oxidizes exclusively. The schemes of the 
corresponding oxidation reactions are displayed in Fig. 7.4, which are considered as 
schematic representation of Figs. 7.3 a and c. 
 
Fig. 7.4: Schematic representation of modes of oxidation of NiAl-Mo and NiAl-Cr. 
The formation of a two phase structure in the internal oxidation zone of NiAl-Mo 
provided a fast diffusion path for O (inwards) along the Al2O3/Mo interface (Fig. 7.4). 
The transversal cracks and voids formed during the cyclic test (Fig. 7.3a and 4), acted 
as fast O transportation channels and significantly accelerated the inward diffusion of 
O from the sample surface to the reaction front between the internal oxidation zone 
and the substrate alloy (Fig. 7.4), where inward diffusion of O met the outward 
diffusion of Al. This led to the fast inward growth of the internal oxidation zone and 
caused the formation of a very deep internal oxidation zone, as evidenced by the 
severely increased weight gain of the eutectic and the metallographic cross sections 
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after oxidation (Fig. 7.3a). 
By contrast, the formation of a Cr-rich layer between Al2O3 film and the metallic 
substrate of NiAl-34Cr (Fig. 7.3c and Fig. 7.4) separated the reaction front between 
the oxidation scale and substrate alloy, acting as a diffusion barrier for outward 
diffusion of Al (Fig. 7.4) since the solubility of Al in Cr at 1000°C is less than 2at.% 
[Massalski 1990]. This slowed down the growth rate of Al2O3 scale and the oxidation 
kinetics of NiAl-34Cr. Furthermore, the Cr layer between the NiAl substrate and 
Al2O3 improved the adhesion of Al2O3 scale to the NiAl substrate [Zhang 2010] and 
hence, to increase the material oxidation resistance, by decreasing the internal stress 
induced by heating-cooling cycles (between 300~1500K, thermal expansion 
coefficient (CTE) of NiAl: 9.45-11.46×10-6K-1, Al2O3: 5.4-8.9×10-6K-1, Cr: 6.2×10-6K-
1). This beneficial effect can be understood by comparison with the oxidation behavior 
of binary β-NiAl. As indicated by the mass change curve of NiAl in Fig. 7.1a, binary 
NiAl exhibited a rapid mass loss after exposure to air for 150 h at 1150°C (Fig. 7.1 a), 
due to its low scale spallation resistance [Leyens2000]. Its cyclic oxidation behavior 
was characterized by continuous spallation and formation of Al2O3 scale. Compared 
with monolithic NiAl, the addition of Cr improved the scale adhesion to the metallic 
substrate. An additional beneficial effect of Cr on the HT oxidation resistance at 1000-
1100 °C is attributed to the formation of Cr oxide particles which acted as nuclei for 
the θ→α transformation of Al2O3 and accelerated the growth of α-Al2O3 scale 
[Klumpes 1996]. This led to the formation of the dense, compact and protective 
alumina scale on the surface of NiAl-34Cr (Fig. 7.3c and Fig. 7.4). 
7.3.2 Practical implications 
Fig. 7.5 summarizes the HT mechanical/oxidation performance of binary NiAl, NiAl-
9Mo, NiAl-34Cr and NiAl-28Cr-6Mo, in terms of the specific creep strength (creep 
strength at 1300K and a minimum creep rate 10-6s-1/density, [kN·m/kg]) and the 
specific weight gain ∆Wm [mg/cm2] after 500h involving 250 cycles up to 1273K 
[Leyens 2000, Joslin 1995, Reed1999]. NiAl-Cr demonstrated the best combination of 
specific creep strength and cyclic oxidation resistance at elevated temperatures among 
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all investigated NiAl eutectics, approaching the HT mechanical/oxidation 
performance of the 2nd generation superalloy CMSX-4. This makes NiAl-34Cr a 
promising candidate for competition with Ni-base superalloy as a novel HT structural 
material for the next generation turbine blades. 
                   
Fig.7.5: HT creep/oxidation resistance of binary NiAl, NiAl-Mo/Cr(Mo) eutectics and 
CMSX-4 [Leyens 2000, Joslin 1995, Reed1999]. 
In order to further improve the alumina scale adhesion and to improve the overall 
oxidation resistance of NiAl-34Cr, additional measures can be taken. For example, 
alloying elements such as Y, Ce, Zr, Dy and Hf to NiAl-based alloys are regarded 
beneficial for adhesion of alumina scale [Xu2003, Wu2003, Villafane 2002 and 
Guo2002] to suppress the occurrence of local internal-oxidation spots (Fig. 7.3c) and 
thereby to increase the material’s resistance to cyclic oxidation.  
7.4 Summary 
Compared with NiAl-9Mo and NiAl-28Cr-6Mo, NiAl-34Cr demonstrated the best 
cyclic oxidation resistance at 1000°C all investigated NiAl-Mo/Cr(Mo) eutectics. The 
oxidation resistance of NiAl-34Cr was comparable to those of IP75 and CMSX-4. 
The beneficial effect of the Cr phase can be attributed to: 1) a Cr-rich layer acting as 
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barrier for outward diffusion of Al; 2) improvement of the scale adhesion to the 
metallic substrate; 3) promotion of the θ→α transformation of Al2O3 and accelerating 
the formation of a dense and protective scale.  
The oxidation resistance of NiAl-34Cr may be further enhanced through alloying with 
Y, Zr, Hf or Dy (about 0.1 ~ 0.5% in weight) [Bewlay2002, Xu2003, Wu2003, 
Martinez2002 and Guo2002]. Moreover, the techniques of thermal barrier coating 
(TBC) and thermal diffusion barrier coating (TDBC), which are already widely used 
for Ni-base alloys, could also be applied to NiAl-base composites to further enhance 
the HT thermal and mechanical properties of the materials. 
 Among the investigated NiAl-X (X=Mo, Cr and Cr(Mo)) eutectics, NiAl-34Cr 
demonstrated the best combination of high specific creep strength and strong cyclic 
oxidation resistance for HT structural applications. 
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Chapter 8 
Conclusions  
The purpose of the project was to develop a new generation of NiAl composites 
reinforced by a refractory metallic phase, intended to serve as turbine blades operating 
at temperatures above 1000 °C. During directional solidification of NiAl eutectics in a 
Bridgeman furnace, the parameters temperature gradient G and rod growth rate R 
control the reinforcement alignment with the growth direction. It was found that, for a 
constant G of 11 K/mm the Mo fibers in NiAl-9Mo tended to align parallel to the 
growth direction as R decreased from 1.33mm/min to 0.33 mm/min, whereas the 
Cr(Mo) lamella in NiAl-28Cr-6Mo became straight and parallel to the growth 
direction when R decreased to 0.1 mm/min. The low solubility of Mo in NiAl and the 
relatively uniform size and spacing of the reinforcing phases resulted in an excellent 
microstructural stability of DS NiAl-9Mo and NiAl-28Cr-6Mo rods at elevated 
temperatures without any detectable coarsening of the major reinforcement, i.e. Mo 
fiber and Cr(Mo) lamella. In the current investigations, a tremendous improvement of 
the strength/creep resistance at HT and fracture toughness at RT was achieved in well 
aligned eutectic NiAl-9Mo composites compared to monolithic poly- and/or single 
crystal NiAl as well as irregularly aligned DS NiAl-X alloys (X denotes Mo, Cr, 
Cr(Mo), Ta, Nb and V, respectively), as indicated in the Fig. 8a.  
The excellent HT strength of well aligned NiAl-9Mo composites can be attributed to: 
i) improved fiber alignment which increased the anisotropy of the mechanical 
properties of the unidirectional fiber reinforced composites, leading to a maximized 
strength along the fiber direction (Fig. 8b); ii) a strong NiAl/Mo interface (high shear 
strength, ≥ 1000 MPa at 700 °C, ≥ 430 MPa at 1100 °C) which led to an effective load 
transfer from the matrix to the load bearing Mo fibers; iii) quasi-rigid mechanical 
behavior of the ultra-strong Mo fibers with a strength of the order of the theoretical 
strength, owing to a low dislocation activity in the micro- to nanoscale (≤ 1µm) fibers 
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and dispersion strengthening. The improved fracture toughness at RT was mainly 
caused by the crack trapping, in which well aligned high toughness Mo fibers 
perpendicular to crack plane prevented transversal interface debonding and trapped 
the propagating crack front. Such material is mechanically strongly anisotropic. 
However, this anisotropy is beneficial for the in-service properties of the materials as 
a high strength is required in turbine blades parallel to the blade axis (also Mo fiber 
axis) at HT and a tolerable fracture toughness perpendicular to the blade axis at RT. 
 
Fig. 8: a) Measured creep resistance at HT and fracture toughness at RT of DS NiAl-
X in-situ composites, monolithic single crystal NiAl and a single crystal Ni-based 
superalloy [Joslin 1995, Heredia 1993 and Johson 1995]. The data of NiAl-9Mo (red 
spot) with well aligned Mo fibers were measured in the current study. The data market 
by dashed circle and blue arrow are the expected values for NiAl composite with well 
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aligned Cr fibers or Cr(Mo) lamellae; b) schematic showing an increased anisotropy 
in the composite’s mechanical property with improved fiber alignment 
Bewlay et al. [Bewlay2002] considered a RT fracture toughness of 20 MPam0.5 to be 
the threshold for the key components in modern turbine engines, e.g. turbine blades. 
This criterion makes NiAl-28Cr-6Mo and NiAl-34Cr (as marketed by circle in Fig. 
8a) to become promising candidate materials for turbine blades, since both of them 
possess not only a fracture toughness larger than 20 MPam0.5 at RT but also an 
enhanced strength and creep resistance at HT even in the case of irregularly aligned 
reinforcements (see Fig. 8a) that can be attributed to the obviously increased volume 
fraction of the reinforcement phase (Vf ≈ 43% in both materials compared to Vf ≈ 
14% of NiAl-9Mo). Therefore, it can be expected that, if NiAl-28Cr-6Mo and NiAl-
34Cr composites could be produced with well aligned Cr fibers or Cr(Mo) lamellae, 
as it has been achieved in NiAl-9Mo in the current study, the strength at HT and the 
fracture toughness at RT of these materials should be further remarkably increased, as 
forecasted in Fig. 8a. Furthermore, owing to the beneficial effect on oxidation 
protection at 1000 – 1100 °C by Cr-addition the oxidation resistance of NiAl-28Cr-
6Mo and NiAl-34Cr are close or equal to Ni-base superalloys (Chapter 7). Given the 
fact that the densities of NiAl-34Cr (ρ ≈ 6.4 g/cm3) and NiAl-28Cr-6Mo (ρ ≈ 6.7 
g/cm3) are much lower than Ni-based superalloys (ρ ≈ 8-9 g/cm3), NiAl-Cr and NiAl-
Cr(Mo) gain a higher HT strength/weight-ratio than the Ni-base superalloys, with a 
similar oxidation resistance and a tolerable (>20 MPam0.5) RT fracture toughness. 
Therefore, future investigations should focus on the eutectic NiAl-34Cr and NiAl-
28Cr-6Mo composites, in which the DS processing parameters need to be optimized 
to produce the eutectic microstructure with aligned reinforcements, i.e. the axis of the 
Cr fibers in NiAl-34Cr and Cr(Mo) lamellae in NiAl-28Cr-6Mo should be parallel to 
the growth direction. The experimental experience and theoretical knowledge 
obtained in the current study on NiAl-9Mo can be utilized for the investigation of 
NiAl-34Cr and NiAl-28Cr-6Mo to further enhance the HT thermal and mechanical 
properties of NiAl in-situ composites. 
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